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Abstract
Superalloys are widely applied as materials for components in the hot section of gas turbines. As
superalloys have a limited oxidation life, the application of a coating is vital. The most
commonly applied coatings in stationary gas turbines are MCrAlY coatings. Since the turbine
components are exposed to high cyclic thermal stresses, MCrAlY coatings must also show a high
thermal fatigue resistance.
In this thesis, the effect of Cobalt and Rhenium on microstructure, oxidation and
thermal fatigue of NiCoCrAlY coatings is presented. Additionally the condition of the coatings
after testing in an industrial gas turbine is shown. The influence of Cobalt and Rhenium on
coating microstructure was investigated by thermodynamic modelling and by metallography. It
could be shown that both elements reduce the `-phase fraction and increase the -phase fraction
owing to an expansion of the + field in the phase diagram. Modelling showed that Rhenium
promotes the formation of -Cr, which could be explained by a shift of the -Cr solvus to higher
temperatures and lower Cr concentrations. In the real coatings Re causes the precipitation of
TCP-phase.
The oxide scale growth rate is increased by Cobalt and Rhenium and it appears that
Yttrium plays a significant role for that effect. Coating consumption due to simultaneous
oxidation and interdiffusion could be decreased by the application of Cobalt and Rhenium.
In thermal fatigue testing Rhenium reduces the time to crack initiation and increases
crack propagation rate, although it could be shown that Rhenium increases the creep resistance
of the coating. The effect could be explained by the influence of Rhenium on the microstructure,
which increases creep resistance, but also reduces the ductility of the coating.
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11 Introduction: MCrAlY Coatings in Gas Turbines
Environmental Conditions of Gas Turbines Components
Since the development of modern, low emission gas turbines their importance was grown in
contrast to the nuclear and coal fired power plants. The efficiency of a gas turbine can be
improved by increasing the gas temperature at the turbine inlet while keeping the exhaust or
outlet temperature low. Figure 1a presents a modern gas turbine with sequential combustion.
Such gas turbines have a turbine inlet temperature between 1100 °C and 1350 °C and an exhaust
temperature between 450 °C and 650 °C with a power output up to 300 MW [1]. The blades and
vanes in the high pressure and the first stages of the low-pressure turbine of such turbines
(figure 1b) are exposed to the highest temperatures.
a)
b)
Figure 1: a) Sequential combustion gas turbine partially open, b) Rotor with blading. The air
enters the turbine at the inlet side. The compressor increases the pressure of the air. After that,
the air enters the first combustion chamber, where burning fuel raises the gas temperature and
thus the pressure. In this high pressure stage first power is generated. Next, the hot gas reaches
the low-pressure turbine where the second combustion takes place and the gas can expand again
to atmospheric pressure [1].
2The increasing metal surface temperatures and mechanical loads in stationary gas turbines and
the associated development of the superalloy substrates has always dictated the history of coating
development. Until about 1970, the metal temperature of the hot section components increased
steadily up to around 850 °C [2]. When internal air cooling was introduced the metal temperature
remained steady for a while [3] (figure 2). Increasing demands on the electricity market led to
the development of larger gas turbines with even higher turbine inlet temperatures. This caused
another increase of the metal surface temperature. Furthermore, the application of large blades
and vanes caused an increase in the mechanical loads. Depending on the component and gas
turbine type, the maximum metal surface temperatures of blades and vanes can today exceed
more than a 1050 °C. Since a turbine operates not only at peak load, both relatively low and
relatively high temperatures are of interest for the design of coatings for blades and vanes.
Figure 2: The metal surface temperature evolution of hot section turbine components
The combustion gas in the turbine can cause two different environmental attacking mechanisms,
hot corrosion and oxidation. At temperatures below around 950 °C corrosion attack by sulphates
exists, especially when the gas turbine operates with heavy oil. At higher temperatures, hot
corrosion is a minor problem, since the corrosion products are no longer stable [4]. In such
circumstances oxidation then becomes the main environmental attack, especially when the gas
turbine operates with clean natural gas. Electricity producers sometimes require firing the gas
turbines with oil as well as with gas; in this case a turbine component can exhibit both hot
corrosion and oxidation.
3Application of Coatings in Gas Turbines
As superalloys have a limited oxidation and corrosion life, the application of a coating is
necessary. The main industrially applied coatings are diffusion aluminides and MCrAlY overlay
coatings, where M represents Fe, Co, Ni or a combination of them. Since 1970 MCrAlY overlay
coatings have been used in gas turbines for aero engines.
Diffusion aluminides are mainly used on components for aero engines. These coatings
are produced by the reaction of Al with the substrate by a diffusion process, which is time
consuming. However, the components for aero engines are small so that many of them can be
coated at one time. Aluminides have a good oxidation resistance because of their high Al
content, but have a relatively small resistance to hot corrosion, which is attributed to their low Cr
content and elements that origin from the superalloy substrate. Furthermore, diffusion aluminides
are relatively brittle because the main phase is an intermetallic aluminide [5], [4], [6].
For stationary gas turbine components diffusion aluminides are less suitable. The
components of stationary gas turbines are relatively large. This makes the coating process by
diffusion rather uneconomic. Furthermore, the use of larger components generates higher
mechanical loads. The aluminides with their high content in intermetallic phase are less likely to
resist for long operation periods. The low corrosion resistance of aluminides is also a drawback,
which preserves their use in stationary gas turbines. MCrAlY overlay coatings are usually
produced by plasma spraying or by vapour deposition, which are faster processes than the
diffusion. The comparibly high Cr content enables MCrAlY coatings for the use in corrosive hot
gases. Furthermore, a reduced fraction in brittle intermetallic phase improves the mechanical
behaviour.
In this thesis vacuum plasma spraying should be considered. An alloy with the required
coating composition is produced as a powder. This powder is injected into the hot plasma jet and
melts. The jet accelerates the alloy droplets onto the substrate surface where they solidify and
form a coating. The chemical composition of MCrAlY coatings is independent of the substrate
and can be adjusted to suit specific needs. Figure 3 presents a typical NiCrAlY overlay coating
on a superalloy component.
Failure Mechanisms of Overlay Coatings
Since it is not possible to cool components uniformly, there will always exist regions, which
operate at different temperatures. Figure 4 shows a turbine blade after engine operation. The
different temperatures of the component can give the metal surface strong discolouration. Colder
regions with less than 800 °C are near the cooling holes and on the platform. The airfoil blade
4tip, leading edge and trailing edge operate at high temperatures and can reach more than
1000 °C. Figure 5 presents a NiCrAlY overlay coating corresponding to figure 3 but after service
in a gas turbine. The micrograph shows a region of the coating that was exposed to
extraordinarily high temperatures. The coating is completely consumed.
Figure 3: Optical microscope image of a NiCrAlY overlay coating in new condition. The coating
consists of a fine -` microstructure. ` is the Al reservoir phase.
Figure 4: Turbine blade after engine operation. In the brown regions, particles from the gas are
condensed. Therefore, the discolouration of the surface can indicate hot and cold locations:
brown = rather cold, bright = rather hot.
5Temperature gradients that exist over the component surface lead to thermal stresses. Starting
and stopping the turbine result in high thermal cyclic loads. Additionally emergency shutdowns
or "trips" produce thermal shock conditions. Figure 6 shows again the coating corresponding to
figure 3 after engine operation. This time the micrograph presents a region that has seen high
thermal cyclic loads. In an extreme case, cracks can initiate in the coating and lead to the failure
of the component.
Figure 5: NiCrAlY overlay coating after engine operation. The presented region of the coating
lay in a hot spot that had more than 1000 °C.
Figure 6: NiCrAlY overlay coating after engine operation. The coating exhibits a rumpled
surface that is typical for thermal fatigue.
6Requirements on MCrAlY Coatings
Coatings that are applied on gas turbine components have to fulfill a wide spectrum of
properties: They must show an excellent oxidation resistance at high temperatures (> 1000 °C) as
well as good hot corrosion resistance at lower temperatures. A required lifetime at these
temperatures is at least 20000 hours. Furthermore, low crack sensitivity for both low and high
temperatures is required to survive severe thermal cycling.
While a high Al and Cr content has a positive effect on the oxidation and corrosion
resistance, such composition is harmful for the mechanical properties. A compromise between
the environmental resistance and the mechanical integrity must be met in order to fulfil lifetime
requirements. This compromise, however, is often not sufficient to satisfy the increasing
demands on overlay coatings. The application of other alloying elements is necessary to improve
oxidation, corrosion and mechanical properties together.
Subject of this Thesis
In this thesis the behaviour of MCrAlY coatings based on thermodynamic modelling,
metallurgical and mechanical testing will be shown. Furthermore, the condition of various
coatings after operation in a full size gas turbine will be presented.
Particular focus will be placed on the application of Co and Re to improve the
mechanical properties of the MCrAlY coatings. In a patent study chapter the historical use of Co
for the improvement of coating ductility will be presented along with its effect on oxidation. Re
has been applied to MCrAlY coatings since 1989. It is reported to improve the oxidation
resistance as well as the mechanical properties. This behaviour shows a contrast to the negative
effects usually shown by refractory elements. Therefore, this thesis demonstrates systematically
varied Re additions and different Co contents applied to MCrAlY coatings.
72 Theoretical Background
2.1 Oxidation
2.1.1 Thermodynamics
When the temperature and the oxygen partial pressure of the gas environment is sufficient, the
driving force for the oxidation reaction may be provided. This driving force is the free energy of
formation, also called Gibb`s free energy (equation 1). This energy of formation is due to the
type of oxide.
2pOlnRTG  o (1)
G° = free energy of formation, R = gas constant, T = temperature, pO2 = oxygen
partial pressure.
The temperature and oxygen partial pressure, which is necessary for the oxidation reaction can
be directly obtained from the Ellingham-Richardson diagram (figure 7). The oxygen pressure for
example can be obtained by drawing a line from the -273 °C / 0 G° point in the upper left
corner of the diagram via the equilibrium line of the oxidation reaction and the temperature of
interest to the partial pressure axis (dotted lines in figure 7). For example the formation of NiO,
Cr2O3 and Al2O3 at 1000 °C requires an oxygen partial pressure of approximately 10-11 bar,
10-22 bar and 10-36 bar respectively with increasing -G° in the same order. The
thermodynamicstability of the oxides increases with increasing -G°.
2.1.2 Kinetics of Oxide Scale Growth
The oxides that develop on MCrAlY coatings can be considered as thin scales, the growth of
which depends mainly on the diffusion through the scale. The oxidation of MCrAlY coatings can
follow two kinetic laws, the parabolic and the linear.
Parabolic Law
When a metal oxidises it develops an oxide scale at the gas-metal interface. When this scale is
dense it acts as a barrier to the gas and oxygen can no longer access the metal directly. For
8further oxidation, oxygen ions must diffuse through the scale to the oxide-metal interface and
metal ions must diffuse in the opposite direction.
Figure 7: Ellingham-Richardson diagram of oxide formation [6], dashed lines show how to
obtain the equilibrium oxygen partial pressure for the formation of NiO, Cr2O3 and Al2O3 at
1000 °C.
As the oxide scale becomes thicker the diffusion distance for the migrating species becomes
greater and the pO2 gradient over the scale decreases. This results in a retardation of the
oxidation process and consequently the scale growth rate. Already in 1920 Tammann [7] found
that dense oxide scales grow according to a parabolic law. The mass gained by an oxidising
sample due to the oxygen intake increases parabolically with the time (equation 2), which is
schematically shown by curve A in figure 8. Independently to Tammann, Pilling and Bedworth
9[8] derived the parabolic law by the oxygen diffusion through the oxide scale. Based on those
results, Wagner explained the parabolic relationship in 1933 by the diffusion of ions and
electrons in the oxide [9].
tk
A
m
p
2 

  (2)
m = mass of sample, A = oxidizing sample area, kp = parabolic rate constant, t = time
The parabolic rate law only describes the case of diffusion controlled oxidation. In complex
alloys in which several different elements compete in the oxide formation the magnitude of the
rate constant depends on the oxide mixture and is also time dependent. Moreover, the parabolic
context is only fully valid with following assumptions:
- The oxide scale as well as substrate metal is pure.
- The oxide scale is compact and adherent.
- The oxide scale satisfies stoichiometry.
- Oxygen is not soluble in the substrate metal.
- Thermodynamic equilibrium exists at both oxide-gas and oxide-metal interfaces.
- The diffusion of ions and electrons is rate controlling.
- The diffusion of cations, anions and their vacancies is independent and simultaneous.
- The oxide formation takes place only at the oxide-gas and oxide-metal interfaces.
In real oxide layers these points are not all fulfilled and often a superposition of different growth
kinetics is observed. Then the parabolic law changes to equation 3 in which the exponent "n"
deviates from the value of 2 [10].
tk
A
m n 

  (3)
m = mass of sample, A = oxidizing sample area, k = rate constant, t = time,
n = exponent
10
Linear Law
There are several factors that can lead to an enhanced and linear oxidation progress. The
conditions under which such enhanced oxidation can take place are the formation of non-
protective oxide types and the so-called break away oxidation [11]. Essential for both is the
Pilling-Bedworth ratio (PBR) [8], which describes the ratio of oxide volume to metal volume
(equation 4).
oxme
meox
me
ox
m
m
V
VPBR 
 (4)
Vox = volume oxide, mox = molar weight oxide, ox = density oxide
Vme = volume metal, mme = molar weight metal, me = density metal
a) formation of non-protective oxides
When the volume of the oxide formed is smaller than that of the metal, which it replaces
(PBR < 1), the scale can become porous and means no oxygen barrier. As a consequence the
metal oxidises linearly (curve B in figure 8).
Non-protective oxide types can also form when the alloy is sufficiently depleted in the
oxide forming species that should generate the protective oxide. Then the solute concentration at
the oxide-metal interface can drop lower than the minimum amount needed to sustain the scale
(chapter 2.1.4). Internal oxidation and less stable outer oxides occur leading to a linear oxidation
progress after prior parabolic growth (curve C in figure 8).
Figure 8: Oxidation curves: A = parabolic oxide growth with a dense protective oxide scale, B =
linear oxidation with a non-protective oxide, C = quasilinear oxidation due to oxide failure:
break away oxidation, D = oxidation with loss of oxide, typical for cyclic oxidation
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b) breakaway oxidation
Breakaway oxidation is always connected with stress initiated cracking or spallation of the oxide
scale. The stresses in the oxide scale can be due to too large an oxide volume (PBR > 1), the
oxide scale has reached a critical thickness or the material is exposed to thermal cycling. The
metal in the region of the crack is directly exposed to the gas and oxidizes locally again.
Repeated cracking and oxidation after an initial period of parabolic growth can also lead to
curve C. The local oxidation leads to further stresses. Finally this can cause oxide spallation,
which can even result in a drop of the sample weight (curve D in figure 8).
2.1.3 Oxidation of NiCrAl
The type of oxide, which an alloy develops, depends on the thermodynamic conditions (chapter
2.1.1) and on the specific chemical composition of the alloy. In dependence of the chemical
composition of a NiCrAl alloy NiO, Cr2O3 or Al2O3 develop by selective oxidation of only one
element. Giggins and Pettit [12] divided the NiCrAl alloys into the three groups of oxide
formers:
a) NiO formers
These alloys have less than 5 wt.% Cr and Al and develop an outer NiO scale and internal
precipitates of Al2O3 (figure 9 a).
b) Cr2O3 formers
Increasing the Cr content to larger than 10 wt.% leads to the formation of a Cr2O3 scale and
internal Al2O3 (figure 9 b).
c) Al2O3 formers
Alloys that have more than 10 wt.% Cr and more than 5 wt.% Al develop Al2O3 as stable outer
scale.
Based on the suggestion of Giggins and Pettit to divide the NiCrAl alloys in NiO, Cr2O3, and
Al2O3 formers, Wallwork and Hed [13] plotted the oxide types according to the chemical
composition of their alloys in a ternary diagram. Figure 10 presents such oxide map for NiCrAl
at 1000 °C.
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Figure 9: Oxides of NiCrAl alloys
a) < 5 wt.% Cr and < 5 wt.% Al results in an outer NiO scale and internal Al2O3
b) > 10 wt.% Cr and < 5 wt.% Al result in an outer Cr2O3 scale and internal Al2O3
c) > 10 wt.% Cr and > 5 wt.% Al result in an outer Al2O3 scale with no internal oxidation
Figure 10: NiCrAl oxide map at 1000 °C. In the regions of Cr2O3 and NiO formation additionally
Al2O3 precipitates internally
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Properties of the Oxides
The important properties of the three stable oxides in NiCrAl systems are summarised in table 1.
G is the energy of formation and expresses the thermodynamic stability of the oxides. The
higher negative it is the more stable is the oxide (figure 7). The PBR can give hints for the
tendency to develop a dense oxide scale, although this number alone is not sufficient. The rate
constant kp gives the velocity of the scale growth. Low numbers are desirable to avoid stresses in
the scale and rapid alloy depletion. Comparing the numbers in table 1, Al2O3 provides the best
protection and NiO the least.
Table 1: Some important properties of oxides, G numbers are given in kJ mol-1 of the oxides
oxide type G at 1300 Kin kJ mol-1 [14] PBR of puresubstance [15] kp at 1000 °Cin g2cm-4s-1 [16]
NiO -124 1.65 2.9 x 10-10
Cr2O3 -801 2.07 5 x 10-12
Al2O3 -1262 1.28 1 x 10-12
A concern for high temperature oxidation is the possible evaporation of the oxides. At
temperatures greater than approximately 950 °C, Cr2O3 can evaporate according to equation 5
[4], which makes this oxide rather useless for coating application at temperatures higher than
1000 °C. However Cr additions in the coatings are still of great importance, because Cr
significantly reduces the critical Al content necessary to develop a dense Al2O3 scale. This effect
is due to promoting the selective oxidation of Al. Thermodynamically Al2O3 is one of the most
stable oxides. Oxide evaporation (equation 6a and 6b) is possible but can be neglected at
temperatures below approximately 1330 °C [4].
 3232 CrO2O5.1OCr (5) 2232 AlO2O5.0OAl (6a) 2232 OOAl2OAl (6b)
2.1.4 Coating Consumption by Oxidation
The consumption of MCrAlY coatings is the continuous depletion of Al, which is needed for the
protective oxide scale. This consumption is due to the loss of Al by simultaneous oxidation and
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interdiffusion. MCrAlY coatings often have a - microstructure.  is the Ni solid solution and 
is intermetallic NiAl (chapter 2.2.1) being the Al reservoir phase. As a consequence of the Al
depletion the -phase recedes at the oxide scale and the coating-substrate interface and develops
depletion zones. The depletion zone thickness increases with increasing time and temperature
(figure 11). In the following section the growth of the depletion zone due to oxidation will be
explained. The coating consumption due to interdiffusion will be dealt with in chapter 2.4.
Figure 11: Schematic coating consumption by oxidation and interdiffusion
Parabolic Depletion Layer Growth
The growth rate of the Al2O3 scale governs the rate of Al consumption at the oxide-coating
interface. The Al consumption rate is proportional to the oxide scale growth (equation 7) [17].
With ongoing Al consumption the depletion zone thickness increases parabolically.
2
1
t
k
c~
dt
dm pAl 


(7)
mAl = Al mass, t = time, c = constant relating scale thickness to Al mass in the scale,
kp = parabolic oxidation rate constant
The minimum Al concentration at the oxide-coating interface necessary to sustain an existing
oxide scale can be calculated with equation 8. The Al transport through the depletion layer to the
oxide-coating interface must be sufficient (large coefficient of diffusion) to provide the
minimum Al concentration [18]. As long as the oxide scale is protective the Al concentration at
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the oxide-coating interface is constant and the concentration gradient in the depletion zone
decreases with increasing time (figure 12) [17], [19].
2
1
Al
p
min D2
k
N 

  (8)
Nmin = minimum Al concentration to sustain oxide scale, kp = parabolic oxide growth
rate, DAl = coefficient of Al diffusion
Figure 12: Al concentration versus distance to oxide-coating interface in isothermal oxidation
with parabolic Al consumption [17]
Non-Parabolic Oxidation Depletion
In the case of Al2O3 spallation, like in cyclic oxidation, the scale is parabolically rebuilt in each
cycle. A linear oxide growth according to the breakaway oxidation follows (chapter 2.1.2) and
results in a linear Al consumption and the depletion layer grows linearly (figure 13). On average
the concentration gradient in the depletion zone is the same for each cycle (figure 14) [19], [20].
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Figure 13: Growth of depletion zone during cyclic oxidation
Figure 14: Al concentration versus distance from oxide-coating interface during cyclic oxidation
17
2.1.5 Influence of Alloying Elements
As it will be shown in chapter 3 elements that were mainly applied in NiCrAl overlay coatings
are Co, Y, Si, Hf, Ta and Re. The influence of these elements will be summarised in this chapter.
Cobalt
The effect of Co on oxidation is minor and it increases the oxide growth rate only slightly as it is
presented in figure 15 [4]. In general, information about the effects of Co in NiCoCrAlY
coatings is sparse.
Figure 15: Effect of Co on the parabolic rate constant kp of two different coatings at 1000 °C
cyclic oxidation [4]
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Active Elements:
Most elements, which are used to improve the endurance of the protective oxide scale, are
commonly called "active" elements. These are the elements in groups III, IV and V of the
periodic table [21], [22] as presented in figure 16. Their effect rises with increasing atomic
weight and decreasing group in the periodic table. The industrial coatings referenced in chapter 3
are alloyed with Y and Si to improve the oxidation resistance.
Figure 16: Periodic table of elements. Active elements are emphasized grey according to [22]
Si alone does not improve the oxidation as the active elements do but it promotes the action of
the active elements [4]. The most applied element in NiCoCrAl coatings is Y, which is reported
in detail in [23], [24], [25], [26], [27]. The effect of the active elements on the oxide scale were
summarized by Singheiser [4] and Jedlinski [28]:
- Active elements have a high oxygen affinity. The transient oxidation of the active
elements promotes selective oxidation of Al and formation of Al2O3.
- The mechanical properties of the Al2O3 scale are improved with the addition of active
elements by decreasing the oxide grain size. This effect contributes to improved stress
relaxation behaviour of the scale.
- Active elements change the diffusion behaviour in the oxide so that oxygen diffusion
inwards and metal diffusion outwards is retarded. Both effects are observed and lead to
a reduction of the oxide growth stresses.
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- The oxide scale adherence is improved by several factors: reduced void formation in
the oxide-metal interface, mechanical pegging of the oxide scale by discontinuous
internal oxidation of active elements, increased oxide-metal chemical bonding and
prevention of the negative effects of sulphur.
Refractory Elements
Refractory metals are elements that have a melting point larger than around 2000 °C [6].
Accordingly, the metals Os, Ru, Ir, Ta, W, Hf, Nb, Mo and Re are refractory metals. Rh and V
melt above 1900 °C and may therefore also be counted as refractory elements. Ta, Hf and Re are
the main refractory elements that are used in MCrAlY coatings.
Commonly refractory elements like Mo and W, which are the most investigated
elements, are detrimental for oxidation and corrosion resistance of Ni-based alloys [29], [30].
However, there are exceptions like Ta and Re, which are reported to improve the oxidation
resistance of overlay coatings. In the following paragraphs the effect that Mo, W, Ta and Re
have on oxidation will be reported.
a) Molybdenum, Tungsten
Pettit and Meier [30] pointed out that W and Mo affect the oxidation in positive and negative
ways. The positive effect was found on Co-Cr alloys where W promoted the selective oxidation
of Cr by prior formation of a CoWO4 scale. The harmful effects, however, are significant enough
to outweigh the positive one. On one hand W and Mo retard the diffusion of Al and Cr in the
alloy, which hinders a fast supply of the oxide scale. According to equation 8 fast diffusion of
the oxide scale forming elements is essential for the scale maintenance. On the other hand the
oxides of the refractory metals are not stable and protective themselves. Therefore the presence
of the elements in the Al2O3 or Cr2O3 oxide scale should be avoided [30]. The negative effect of
Mo and W on oxidation and corrosion is more pronounced the more the alloy depletes in Al and
Cr [29]. Especially cyclic oxidation resistance is harmed by refractory elements because of the
ongoing depletion [30].
b) Tantalum
Ta was first applied to NiCrAlY coatings to increase the strength [31]. From that time on Ta was
successfully employed in coatings, although more widely applied to improve the oxidation
resistance. Fox and Tatlock [32] compared NiCoCrAlY coatings with and without additions of
Ta. Coatings with Ta additions exhibited an increased oxidation resistance. The analytical
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examination showed that Ti diffused from the superalloy into the coating where it increased
oxidation. Ta was found to bind Ti by the formation of carbides.
c) Rhenium
Czech et.al. [33] tested several Re free and Re alloyed coatings (0 wt.%, 1.5 wt.%, 5 wt.%, 10
wt.%) for their -phase recession due to oxidation: In isothermal oxidation at 950 °C and
1000 °C 5 wt.% Re additions produced the least depletion. A similar result was achieved in
corrosion testing. It was pointed out, however, that the tested coatings also varied in their Al and
Cr content significantly. Other publications about the oxidation of NiCoCrAlYRe coatings are
found in [34], [35] and [36].
Anton [37] examined Re alloyed NiCoCrAlY coatings (1.5 wt.%, 3 wt.%) and found
that Re slightly increases the oxidation rate in isothermal oxidation at 1000 °C and 1050 °C for
90 hours on freestanding coatings. The parabolic rate constant after 50 h, however, was smallest
for the 3 wt.% Re coatings. Comparing the obtained data there is considerable scatter concerning
the effect of Re. Furthermore, the Cr contents varied in those experiments. The precise chemical
compositions were unfortunately not given.
A comprehensive study about the influence of Re on the cyclic oxidation behaviour of
ternary NiCrAl  + -Cr alloys was performed by Phillips and Gleeson [38]. Re significantly
reduced the oxidation weight gain and the scale spallation. It leads to a reduced Cr solubility in
the  matrix, which caused -Cr to precipitate in the scale-alloy interface to anchor the oxide
scale. Important was the effect of Re to increase the creep resistance, which reduced surface
rumpling due to thermal cycling and therefore reduced oxide scale spallation.
2.2 Microstructure of NiCrAl Alloys
2.2.1 Microstructural Phases
The microstructure of NiCrAlY and NiCoCrAlY coatings mainly consists of , `,  and  [39].
A further important phase for these coatings is the TCP-phase as it often develops in the coating
or in the coating-substrate interdiffusion zone.
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-Phase
The -phase is a Ni solid solution with a face centred cubic (fcc) lattice owing a lattice parameter
between 3.53 and 3.60 Å.  solves further elements such as Co, Fe, Cr, Al and refractory
elements [40].
`-Phase
The `-phase is an intermetallic phase with an ordered fcc structure, which has a lattice
parameter between 3.54 and 3.59 Å. The general chemical composition is Ni3Al, where Co can
substitute for Ni and Ti and Ta can substitute for Al. ` precipitates from  and shows three
different morphologies depending on the lattice mismatch to the  matrix. Between 0 and 0.2 %
mismatch ` is globular, from 0.5 to 1.0 % it becomes cubic and larger 1.25 % ` precipitates
plate like [40].
-Phase
The -phase is of great importance for this study. The coatings of the current study show a
duplex microstructure consisting mainly of  and .  is the phase which is richest in Al und
therefore acts as Al reservoir phase (chapter 2.4). Furthermore the -phase is amain factor for the
temperature dependance of mechanical coating properties (chapter 2.5.1).
The -phase is an ordered intermetallic phase having a body centred cubic (bcc)
structure and the formula NiAl, which has a lattice parameter of 2.89 Å. The -phase structure is
stable for large deviations from stoichiometry and the lattice parameters deviates accordingly. Co
substitutes for Ni in NiAl and decreases the lattice parameter [30, 30a].
-Cr-Phase
-Cr is a solid solution with a bcc structure and a lattice parameter of 2.88 Å. It mainly consists
of Cr with some Ni and Mo in the case of superalloys. -Cr generally precipitates when the
solubility of Cr in the  matrix is exhausted [40].
TCP-Phase
The TCP (topological closed packed) phase occurs in superalloys as tetragonal , orthorhombic
P or rhombohedral -phase and is reported comprehensively by Darolia et.al. [43]. Often found
22
are  and P, which are coexisting in the superalloy with a nearly identical composition. They
precipitate within the {111} plane of the -phase. The TCP platelets have a prefered growth
direction according to their crystal structure and grow in a 90 ° angle to each other. Especially
superalloys containing Re are prone to develop such TCP-phases. Re substitutes for Cr in the
TCP-phase and promotes the formation of such oriented platelets in superalloys [43]. The -
TCP-phase has the common formula (Cr, Mo)x(Ni, Co)y with x and y between 1 and 7 and an x/y
ratio equal approximately 1. The TCP-phase can precipitate in a plate like or a blocky
morphology. In larger amounts also the Widmanstätten morphology can be found [40]. A further
publication about the formation and structure of TCP-phases was carried out by Mughrabi et.al.
[44].
2.2.2 Ternary NiCrAl System
The ternary NiCrAl system represents the phase equilibria important for MCrAlY coatings, as
they contain all phases described above with the exception of the TCP-phase. In the following
the phase formation in the NiCrAl system will be explained based on Taylor and Floyd [45], who
were the first evaluating this system and based on Merchant [46], González-Carrasco et.al. [47]
and Morra et.al. [39], who performed later microstructural studies.
Figure 17 shows the projection of the liquidus planes of the NiCrAl system. The Ni rich
corner exhibits three liquidus planes where ,  and  solidify primary. The monovariant lines
(e1, e2, e3) representing the eutectic reactions (equations 9 to 11) separate these planes. The
monovariant lines meet in the non-variant point E where the phases L, ,  and  are in
equilibrium. For example an alloy which belongs to the primary  solidification field and which
is close to the eutectic curve e1 will form a microstructure of primary  and + eutectic.
e1: L (9)
e2: L (10)
e3: L (11)
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Figure 17: NiCrAl liquidus basal plane projection [46]
The field where  and  are in equilibrium at 1150 °C (figure 18) is surrounded by two three-
phase fields, +`+ and ++, and by two one-phase fields,  and .
At 1000 °C the  and  fields are smaller and the ` field is larger than at 1150 °C. This
development is coupled with the expansion of the `+ and +` fields. The experimentally
shown samples show instead of the two-phase + microstructure a four-phase +++`
microstructure. Taylor and Floyd explain the existance of the four phases by an invariant plane
representing the four-phase reaction according to equation 12 [45]. This is due to the
disappearance of the + field by cooling from temperatures higher than 1000 °C and the
formation of the `+ field below 1000 °C (Figure 19). Figure 18 additionally shows the
isothermal section at 750 °C, where the +` field can be seen.
 (12)
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Figure 18: Ternary NiCrAl Diagrams, top = 1150 °C, middle = 1000 °C, bottom = 750 °C [47]
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Figure 19: Phase field development presenting the four-phase reaction ++` [45]
a) above 1000 °C the phases  and  are in equilibrium
b) at 1000 °C the phases , , ` and  are in equilibrium represented by the diagonals
c) below 1000 °C the phases ` and  are in equilibrium
2.2.3 Influence of Cobalt on the NiCrAl System
For the influence on the  phase in superalloys it is known that Co reduces the stacking fault
energy (SFE). The SFE of pure Ni is approximately 300 mJm-2 and the SFE of pure Co is only
25 mJm-2. The reduction in SFE increases the creep resistance of the  phase [6].
Furthermore, Co is said to reduce the fractions of ` and increase the fraction of  due to
an increased Al solubility in the -phase [48]. These statements consequently mean that the 
field should expand towards higher Al concentrations. Additionally Singheiser [4] reported that
Co increases the solubility of Cr in , which reduces the -Cr and TCP-phase fraction. However,
the effect of Co to reduce `, -Cr and TCP-phase fractions were not experimentally shown in
these publications. Unfortunately there are no publications available which show the influence of
Co on the ternary NiCrAl system.
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2.2.4 Influence of Rhenium on the NiCrAl System
Phillips and Gleeson [38] observed that the -Cr-phase in ternary NiCrAl alloys dissolves more
readily than in NiCrAl alloys, which are modified with Re (39 at.% Ni, 13.9 at.% Cr, 43.4 at.%
Al, 2 at.% Re), i.e. Re stabilises -Cr. This behaviour was explained by a decreased solubility of
Cr in the -NiAl-phase, which must lead to changes in the phase diagram. They experimentally
determined the -phase boundaries for the ternary NiCrAl system with and without the addition
of Re and plotted a ternary NiCrAl diagram in which the concentration of Re is summed together
with Cr (figure 20). Re causes the + equilibrium line to shift towards higher Ni
concentrations, which represents a lower solubility of Cr in . Additionally Re causes the
`+ equilibrium to move to smaller Al concentrations, which is due to an increased
solubility of Ni in . It should be noted that the investigated materials were two phase - alloys.
Figure 20: Ternary NiCrAl System at 1000 °C and approximate the shift in the -phase boundary
due to the addition of 2 at.% Re [38]
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2.3 Interdiffusion
2.3.1 Kinetics of Interdiffusion
MCrAlY coated superalloy components, which are used in stationary gas turbines can be
exposed to temperatures of more than 1000 °C and for longer than 20000 hours. Thus,
interdiffusion between the coating and the substrate is unavoidable. Interdiffusion between
coatings and substrates accelerates coating consumption and can cause microstructures, which
comprise the mechanical properties. Additionally the knowledge about microstructure formation
helps estimating residual life times of coatings.
MCrAlY coatings have a larger Cr and Al content than the superalloy substrates, which
results in the diffusion of these elements from the coating to the substrate. On the other hand
superalloys have a greater content of Ni, Ti and refractory elements like Ta, W, Mo and Re.
Consequently these elements diffuse from the substrate into the coating. The refractory elements,
however, have a very low diffusivity.
The flux of elements across an interface in a one-phase alloy can be described by
Onsager`s and Darken`s extension of Fick`s diffusion law as presented in equation 13 [49]. This
equation also implies that the concentration gradient of one element can cause another element to
diffuse [50].

1n
1i
in
ii dx
dcDJ (13)
Ji = diffusion flux of element i, Di = Diffusion coefficient of element i, n = number of
diffusing species, dci/dx = concentration gradient of element i
For MCrAlY coatings the interdiffusion of the elements Ni, Co, Cr and Al is important, because
they determine the microstructure of the coatings. Diffusion experiments of Nesbitt and Heckel
[50] with NiCoCrAl coatings applied on Ni-Cr substrates showed that Al diffusion is enhanced
down the concentration gradient of the Cr profile and vice versa. When the Cr content in the
coating is higher than in the substrate, the coating may show enhanced loss of Al by diffusion
into the substrate. Similarly to Cr a negative Co gradient was found to enhance Al diffusion [50].
This interaction of the elements can cause the so-called "uphill" diffusion. Then the diffusing
species may even migrate up their own concentration gradients. As a consequence Al and Cr
often show extremes in their concentration profiles, i.e. Al may exhibit a maximum in the profile
where Cr has a minimum.
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The presence of extremes in the concentration profiles owing to the interaction of the
diffusion elements can be expressed in ternary systems by the cross-term interdiffusion
coefficients and equation 13 modifies to equation 14 for Al and equation 15 for Cr [51]. NiAlAlD
~
and NiCrCrD
~  are the diffusion coefficients of Al and Cr in the Ni lattice expressing the influence
on their own diffusion. NiAlCrD
~  is the cross term diffusion coefficient that represents the influence
of Cr on Al diffusion in Ni. NiCrAlD
~  is the cross term diffusion coefficient staying for the
influence of Al on Cr diffusion in Ni.
x
cD~
x
cD~J~ CrNiAlCrAl
Ni
AlAlAl 

 (14)
x
cD~
x
cD~J~ CrNiCrCrAl
Ni
CrAlCr 

 (15)
2.3.2 Microstructure Formation in Ternary Systems
Diffusion Paths in Ternary Systems
To get a better understanding in microstructure formation owing to interdiffusion, analytical
concentration profiles can be plotted in the appropriate isothermal section of the ternary phase
diagram. The phase fields, which are crossed by the diffusion path, represent the microstructures
and interface types, which form in the diffusion couple. Merchant [46] summarised some
boundary conditions, which the diffusion path obeys:
- The mass balance must be maintained. When a phase forms, which is rich in one
element, that has to be compensated by the formation of a phase which is poor in the
same element. Therefore diffusion paths are generally S-shaped.
- Single-phase fields always show an S-shaped diffusion path because the diffusion
coefficients of the elements are different. The greater the difference in diffusion
coefficients the more pronounced is the slope of the path, i.e., the path deviates more
from the straight line which connects the two ends of the diffusion path.
- Three-phase regions over a range of concentration are not possible according to Gibb`s
phase rule. A three-phase equilibrium is limited to a planar interface.
- Infinite boundary conditions must be maintained. This means that the diffusion couple
members have an infinite extend in order to keep the composition at the end points of
the diffusion path constant. Then the diffusion path is stable and independent of time.
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Coatings on substrates are not infinite. As oxidation and interdiffusion can excessively
consume the coating the end point of the diffusion path representing the coating will
change its position in the phase diagram. Consequently the diffusion path is time
dependant.
Figure 21 shows an exemplary and simple ternary phase diagram between the elements A, B and
C. These form the solid solutions ,  and  as represented by the single-phase field in the
corners of the diagram. Between the single-phase fields three two-phase fields +, + and +
are located. In the centre of the diagram the single-phase fields are connected by a three-phase
field ++. Paths of five diffusion couples between the alloys 1, 2, 3, 4, 5, 6 and 7 are plotted.
The microstructures and interface that form along the diffusion paths are shown in the sketch in
figure 22. In the following a set of common rules, obtained from Merchant [46], which describe
the structures and interfaces along the diffusion paths is presented.
- Diffusion paths crossing a single-phase field represent a single-phase region having a
spatial extend and a range of concentration. Such single-phase regions can be found in
all diffusion couples shown in figure 21 and figure 22.
- Diffusion paths crossing a two-phase field parallel to a tie line represent an interface
between two single-phase regions (couple 1-2).
- Diffusion paths crossing a two-phase field at an angle to the tie lines represent a
columnar or wavy interface (couple 3-2). The two-phase equilibrium is maintained
laterally across the columnar interfaces.
- A path moving from a single-phase field into a two-phase field and immediately
returning to the single-phase field represents a two-phase region with dispersed particles
(couple 4-5). It should be mentioned that couple 4-5 additionally contains a planar
interface similar to couple 1-2.
- When the diffusion paths cross a three-phase field an interface with three-phases in
equilibrium is represented. Such interfaces can separate two two-phase regions with one
common secondary phase at the interface (couple 6-5) or they can separate a single-
phase region from a two-phase region (couple 6-7).
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Figure 21: General and simple ternary phase diagram containing different diffusion paths
between the alloys 1, 2, 3, 4, 5, 6 and 7.
Figure 22: Microstructures forming in the diffusion couples described by the diffusion paths in
figure 21.
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Boundaries owing to Interdiffusion in Ternary Systems
The interfaces in the diffusion couples 1-2 and 6-7 in figure 22 are so called planar interfaces.
These form always parallel to the original interface of the joint couple members and their
movement during ongoing interdiffusion is parabolic. Engström [49] and Morral, Chen and
Hopfe [52] suggest that the formation of diffusion layers with planar interfaces can be treated as
a moving boundary problem. Three types of boundaries are possible in ternary multiphase
systems:
a) type 0 boundary
There is zero phase change across the boundary and the concentration profile at this point shows
a discontinuity. Additionally the phase fraction changes discontinuously. The boundary is
stationary and is expressed with "" in the notation below. In the case of three-phases at both
sides of the boundary, no diffusion takes place.
A+B  A+B
A+B+C  A+B+C
b) type 1 boundary
One phase changes across the boundary by precipitation or dissolution. In the short hand notation
below the boundary movement to the left "" implies the dissolution of phase B and the
movement to the right "" implies the precipitation of phase B. When a three-phase region is on
one side of the boundary, the boundary movement will only take place to consume the third
phase.
A+B  A
A+B  A
A+B  A+B+C
c) type 2 boundary
Two phases change across the boundary by the dissolution of one phase and the precipitation of
another phase. The interface in the second short hand notation below contains a three-phase
equilibrium like the interface formed in diffusion couple 6-5 (figure 22).
A  B or A  B
A+B  A+C or A+B  A+C
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2.3.3 Interdiffusion Microstructure in the NiCrAl System
The following considerations imply studies which deal with diffusion couples that are able to
represent the structures of MCrAlY coatings applied on superalloys. As many oxidation resistant
overlay coatings have a + structure and as all superalloy have a +` structure, the
interdiffusion in +/+` couples will be discussed.
Engström [49] modelled the interdiffusion microstructures of a NiCrAl +/+`
diffusion couple at 1200 °C for 100 h. He assumed the -phase to be the matrix and the  and `-
phase to be dispersed particles acting as sinks and sources for the migrating solute. The
calculation was performed in two alternating steps: In a diffusion step the software DICTRA
calculates the flux of the elements and in an equilibrium step Thermo-Calc software calculates
the microstructure. He found that already a small change in the composition of the + part of
the diffusion couple results in a different interdiffusion layer structure as presented by their
diffusion paths. Figure 23 [49] presents diffusion paths of NiCrAl +/+` diffusion couples.
The composition of the + part is varied. The short hand notations of the two possible
interdiffusion layers are:
+    +`
+  +`  +`
In the first case the diffusion of Al from the + side to the +` side causes the -phase to
recede from the interface (figure 24). The -phase fraction first decreases continuously to drop to
zero around the interface where a single-phase  layer with two type 1 boundaries develops. As a
further consequence of Al diffusing from the + side to the +` side, the ` fraction on the +`
side increases near the interface and decreases continuously away from the interface.
In the second case the -phase in the + side transfers to ` because of the Al loss. As a
result a depletion -` layer with a type 2 boundary moves into the + side (figure 25). Between
the depletion layer and the -` substrate a stationary type 0 boundary forms. This boundary
coincides with the original interface. In fact type 0 boundaries always form at the original
interface when there is a multiphase region adjacent [53]. On the +` diffusion couple side a
similar increase of ` fraction results as in figure 24.
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Figure 23: Calculated diffusion paths for two +/+` diffusion couples after 100 h at 1200 °C.
Black diffusion path short hand notation = +    +`. Grey diffusion path short hand
notation = +  +`  +` [49]. The triangular region is the +`+ field, which represents the
interface with the three-phase equilibrium.
Figure 24:  and ` fraction profiles resulting from the diffusion path belonging to the+    +` interdiffusion path in figure 23. The dashed line corresponds to the initial 
fraction on the left side and the initial ` fraction on the right side. [49]
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Figure 25:  and ` fraction profiles resulting from the diffusion path belonging to the
+  +`  +` interdiffusion path in figure 23. The dashed line corresponds to the initial 
fraction on the left side and the initial ` fraction on the right side. [49]
Figure 26: NiCrAl map of Engström [49] (figure 23) including diffusion couple data of
Meisenkothen [54]
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In contrast to the two interdiffusion layer types calculated by Engström, Meisenkothen [54] has
experimental evidence for the +  +`  +` diffusion layer of Engström and two additional
types of interdiffusion zones:
+  +  +`+  +`    +`
Any more structures, which Meisenkothen found will not be reported here, because the
experimental evidence is less clear. His findings are based on annealing experiments (1200 °C,
50 h) with various +/+` diffusion couples. The +` couple part was a 9 at.% Cr and
18,1 at.% Al ternary NiCrAl alloy. The data produced by Meisenkothen is plotted in the NiCrAl
map of Engström in figure 26. Two of the diffusion couples do actually not lie with their end
members in the + field according to their composition. The majority of the diffusion couples
exhibits the +  +  +` microstructure.
Microstructure types, which developed by the interdiffusion of commercial MCrAlY
coatings with superalloys (table 2) are reported by Itoh and Tamura [55] and Ellison, Daleo and
Boone [20]:
+    +  +` [55]+  +  +` [55]+    +  +`+  +` [20]
++  +    +` [20]
The first and the third of the above structures was not predicted by Engström [49] nor suggested
by Meisenkothen [54]. The second is in agreement with Meisenkothen. The fourth
microstructure is similar to one of Engström`s and Meisenkothen`s structure, when neglecting
the -Cr-phase. In the end these structures cannot be exactly compared with those approaches,
since the model and the diffusion couple system work with ternary systems.
Table 2: Materials of the above diffusion microstructures in the same order
coating, wt. % substrate temperature time reference
Ni 31Cr 12Al CMSX-2 1080 °C 4 h [55]
Ni 23Co 17Cr 12Al CMSX-2 1100 °C 4 h [55]
Co 32Ni 27Cr 7.5Al IN738 1000 °C 3055 h [20]
Ni 9Co 24Cr 10Al 3Re IN738 1000 °C 9110 h [20]
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The commercially found structures originate from complex alloy systems. For example additions
of Co to the coating and to the superalloy destabilise the `-phase (chapter 2.2.3) and Si as a
common addition to coatings tends to promote -phase formation [56], [57].
The above microstructure short hand notations show that the coating -phase generally
dissolves in the vicinity of the interface as Al diffuses from the coating to the superalloy. This
causes the formation a  recession layer. This depletion at the interface side will reduce the life
of a coating.
2.4 MCrAlY Coating Consumption
Owing to oxidation and interdiffusion the coating looses elements that are important for the main
function of the coating, i.e. oxidation resistance. These elements are Al and Cr. In simple terms,
the end of coating life is reached when the coating no longer provides protection for the
substrate. This is the case when the coatings Al content reaches a lower limit so that internal
oxidation and consumption of the substrate takes place.
According to the oxide map in figure 10 coatings with less than 5 wt.% Al no longer
form a protective Al2O3 scale. The critical Al concentration of an explicit coating alloy depends,
however, on more factors than the oxide map can present:
- thermodynamic conditions such as temperature and gas pressure
- kinetic conditions for example Al diffusivity in the coating
- microstructure effects as the Al activity in the different phases
- thermal cyclic conditions superimposing thermal stress to oxidation and interdiffusion
Consequently it would be necessary to analytically determine the critical Al concentration for
each alloy and condition and combine this in an appropriate law. This appears to be a rather
difficult task. Therefore simpler methods are commonly used in the gas turbine industry to
determine residual lifetime of coatings, which were applied in a gas turbine. Often measured is
the extend of the microstructural visible depletion zones.
Coating consumption is due to oxidation and interdiffusion, which reflects in the
simultaneous progress of the oxidation depletion zone and the diffusion depletion zone. When
both zones sum together and comprise the coating thickness the Al-reservoir phase is consumed
(figure 27). In - coatings the Al reservoir is the -phase and in -` coatings ` is the reservoir
phase. Assuming a parabolic layer growth the coating life can be calculated with equation 16
[58]. Other publications about coating lifetime prediction can be found in [59] and [60].
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xt
2 (16)
t = time, x = coating thickness, k = rate constant of oxidation and diffusion depletion
zone growth
Figure 27: Simultaneous oxidation and interdiffusion consuming the Al reservoir phase of a
coating
For the influence of Co on the consumption of MCrAlY coatings there are no publications so far.
The influence of Re on MCrAlY coating -phase depletion has been examined by Czech et.al.
Re containing coatings were isothermally oxidation tested at 950 °C and 1000 °C. In the year
1994 results after 5000 h oxidation [33], in 1996 after 10000 h [36] and in 1997 after 20000 h
[34] are presented. It is stated that Re reduces the -phase depletion. The proposed mechanism is
that Re improves oxidation indirectly by increasing the Al activity. The increased Al activity due
to Re additions is supposed to lead to the formation of a dense and stable Al-oxide layer. It
should be noted that in these experiments the Cr and Al content of the coatings changed
additionally to the variations in Re content.
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2.5 Mechanical Behaviour of MCrAlY Coatings
2.5.1 Important Mechanical and Physical Properties
The main reason of mechanical failure of MCrAlY coatings in gas turbines is due to stresses
induced by thermal cycling. The material properties that determine the coating response to
thermal cycling are briefly described below:
Thermal Conductivity
The transport of thermal energy in a solid material is defined as thermal conduction. The amount
of heat per unit time that is transported through a material is proportional to the temperature
gradient. The proportional constant is the thermal conductivity.
dx
dTA
dt
dQ  (17)
Q = heat, t = time,  = thermal conductivity, A = material area, T = temperature,
x = distance
Coefficient of Thermal Expansion
The lattice parameter of any material will increase or decrease during heating or cooling
respectively. Thus the material will expand or contract elastically due to the temperature change.
The magnitude of the elastic strain depends on the temperature difference and the type of
material. The material influence on the thermally induced strain is expressed by the coefficient of
thermal expansion (CTE).
T (18)
 = strain,  = CTE, T = temperature difference
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Modulus of Elasticity
Björnsen [61] performed a comprehensive study about the modulus of elasticity of MCrAlY
coatings. Some important information from his work will be summarized here. The modulus of
elasticity, or Young`s Modulus, is the linear proportional constant between an applied stress and
the resulting elastic strain (equation 19). In order to reduce thermally induced stresses in a
coating the modulus of elasticity should be minimized. For materials with the same yield stress
this allows elastic deformation rather than plastic deformation at a given strain (figure 28).
 E (19)
E = modulus of elasticity,  = stress,  = strain
The magnitude of the modulus of elasticity is related to the bond strength of the atoms in the
material. Therefore it depends on the temperature and the type of microstructural phases.
Björnsen estimated the room temperature modules of elasticity of several phases that are typical
for superalloys and MCrAlY coatings (table 3) by interpolation of literature data. The average
modulus of elasticity of a multiphase alloy can be calculated using the Reuss-modulus following
a relation of the type:
1
i
i
R E
VE



  (20)
ER = modulus of elasticity according to the averaging theory of Reuss, Vi = volume
fraction of a specific phase i, Ei = modulus of elasticity for a specific phase i
Figure 28: Stress-strain diagram with materials having different Young`s modules
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Table 3: Room temperature modulus of elasticity for microstructural phases according to [61]
phase  `   TCP-
E in GPa 207 190 200 240 250
Ductile-to-Brittle-Transition-Temperature
The deformation behaviour of MCrAlY coatings is temperature dependent and is indicated by a
rapid change in their mechanical properties. At low temperatures the material tends to be brittle
and at high temperatures the material shows higher ductility. The temperature of the transition
between both conditions is often called ductile to brittle transition temperature (DBTT).
The DBTT of MCrAlY coatings is determined by the microstructural phases and the
small grain size. Typically the DBTT of MCrAlY coatings lies between 400 and 600 °C.
Figure 29 shows schematically the mechanical properties versus the temperature of one such
coating.
Figure 29: Typical change of MCrAlY coating properties [61], [62]
At low temperatures plasma sprayed coatings have a high yield strength because of their small
grain size according to the Hall-Petch relationship [63]. In a similar fashion the hardness of the
coating changes [62]. The intermetallic -phase has a significant influence on the deformation of
MCrAlY coatings. Russell [42] summarizes the deformation of -phase:  has only three
indepdentant slip systems and a high Peierls stress, which makes plastic deformation at low
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temperatures difficult. Especially polycrystalline -phase materials are brittle at low
temperatures as the von Mises criterion of five independant slip systems is not fulfilled.
Additionally the ordered -phase shows a high SFE of 900 mJm-2, which causes pairs of
dislocations to move with a small distance. The accompanied increase in dislocation energy
makes dilocation movement even more difficult. In total these properties cause that the -phase
is brittle at low temperatures. The properties of the -phase are also reported by Miracle [41].
At temperatures above the DBTT the deformation processes in the -phase are
thermally activated. Therefore, the yield strength of the coating decreases and the ductility
increases. Furthermore, the small grain size of the coating promotes grain boundary gliding and
creep deformation [63], which is essential for operation at high temperatures. However, during
long time exposure to high temperatures the microstructure of the coating coarsens, which can
lead to an increasing creep resistance [64].
Development of Thermal Stresses and Strains in Coatings
When heating a material the regions nearer to the surface reach the elevated temperature first.
Thus a temperature gradient in dependence of the thermal conductivity develops between the
surface and the core. This gradient causes thermal stresses due to the different expansion of the
core and the surface. Materials with a higher thermal conductivity will show time dependently
lower stresses than a material with a lower thermal conductivity. The magnitude of the thermally
induced stresses can be described by equation 21.
TE  (21)
  = stress,  = coefficient of thermal expansion, E = elastic modulus, T = temperature
difference
After a dwell time temperature equalization between the surface and the core will take
place so that the gradient becomes zero. This time dependent thermal gradient is called the
transient thermal gradient. The same effect results due to cooling from an elevated temperature.
Considering a zero stress condition at low temperatures, compressive stresses will
develop in the surface when heating. On the other hand, tensile stresses occur in the surface
during cooling when a zero stress condition is assumed for the elevated temperature.
Important for a coating-substrate system is the CTE mismatch between both materials.
Even after temperature equilibrium exists, strains occur because the substrate hinders the coating
in free deformation. The size of the elastic strain is due to the CTE mismatch and the
temperature difference (equation 22). Equation 22 together with Hooke`s law gives equation 23
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[65]. Generally MCrAlY coatings have a larger CTE than superalloys. During heating this causes
compressive stresses and during cooling tensile stresses in the coating.
T)( csc  (22)
c
ccs
c 1
TE)(

 (23)
 = stress,  = coefficient of thermal expansion, E = elastic modulus,  = strain, T =
temperature difference,  = Poisson`s ratio, index c = coating, index s = substrate
2.5.2 Thermal Fatigue
Thermal fatigue occurs when a material is rapidly and alternately heated and cooled. This leads
to thermally induced stresses, which result in the deformation or even the cracking of the
material. Thermal fatigue (TF) testing is often used in industry since it is possible to test entire
turbine components. Typical test equipments are fluidise bed rigs and burner rigs. The effect of
the component geometry and the industrial coating quality can be tested. A parameter, which is
mostly measured, is the number of cycles to crack initiation. Crack propagation in turbine
components is rarely examined. Glenny [66] and Speidel [67] describe thermal fatigue in
general and Kowalewski [63] studied the thermo mechanical fatigue behaviour of MCrAlY
coatings. The key points from these publications will be summarized in the following sections.
Development of Stresses and Strains in a Coating
Figure 30 shows three diagrams, which present the temperature-time, stress-time and strain-time
characteristics of a coating that is subjected to thermal fatigue. It is assumed that the coating has
a stress free condition before the test and that the coating owns a larger CTE than the substrate.
Rapid heating of the coated material produces compressive stresses in the coating due to
the transient temperature gradients and the CTE mismatch between the coating and the substrate.
The compressive stresses cause an elastic strain in the coating (region A in figure 30).
The peak temperature of the cycle is sufficient to activate creep processes in the coating
and the dwell time is long enough to allow a complete stress relaxation. The elastic compressive
strain in the coating transforms to plastic deformation by creep (region B). The assumption that
the coating relaxes completely is reasonable, since this is often observed in practise for MCrAlY
coatings.
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Rapid cooling from the peak temperature results in tensile stresses in the coating. Again
the stresses due to the transient temperature gradient and CTE mismatch are superimposed and
cause a maximum tensile stress. The tensile load decreases again when the temperature
distribution is homogenous. During cooling a small portion of the tensile strain relaxes, since the
temperatures in the beginning of cooling are sufficiently high. Thus further plastic deformation
accumulates. As the coating and substrate are mechanical compatible, the tensile deformation
causes small compressive stresses in the coating at room temperature (region C in figure 30).
Repeated thermal cycling results in an accumulation of the plastic deformation in the
coating. Figure 30 shows the plastic strain accumulating with each cycle. Since the substrate
hinders the coating in free deformation, the accumulated deformation results in a rumpled
surface as it is shown in figure 6.
Figure 30: Stress and strain development in a coating during thermal fatigue
top: temperature versus time; three cycles are presented
middle: stress versus time
bottom: strain versus time; dashed line = elastic strain, full line = plastic strain
A: during heating compression stresses develop and result in an elastic strain
B: during the dwell period the elastic strain transforms to a plastic strain by creep relaxation
down to zero stress
C: Fast cooling causes tensile stresses. When temperature equalization is completed only the
stress contribution due to CTE mismatch between coating and substrate remains.
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Crack Initiation
In thermal fatigue the load upon the coating is determined by the strain resulting from the
mismatch of the CTE between coating and substrate and from the transient thermal gradients
(equation 23). When the coating is brittle at minimum temperature of the thermal fatigue cycle,
the tensile stress often causes crack initiation after a few number of fatigue cycles. Crack
initiation takes place at coating flaws, because the local stress-strain condition can exceed the
fracture toughness of the material. When the coating shows some ductility at minimum
temperature of the thermal fatigue cycle crack initiation will not take place immediately. Then
the coating is enabled to accumulate plastic deformation due to creep relaxation at maximum
temperature (figure 30). The coating will crack when the ability to deform plastically is
exhausted.
As thermal fatigue can be compared with low cycle fatigue the number of cycles to
fracture follow a Coffin-Manson relation ship as shown in figure 31 and equation 24. The fatigue
ductility coefficient f` represent the ductility, meaning that fatigue life is controlled by the
ductility of the material [65]. Strangman [62] found by TMF testing of plasma vapour deposited
MCrAlY coatings with a - microstructure that the cycles to crack initiation follow equation 24.
 cffpl N22  (24)
pl = plastic strain, Nf = cycles to fracture, f` = fatigue ductility coefficient, c =
fatigue ductility exponent
Figure 31: Coffin-Manson diagram describing the relationship between the mechanical strain and
the number of cycles to fracture. The total strain amplitude is the sum of plastic strain (Coffin-
Manson) and elastic strain (Basquin) [65]
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Crack Propagation
Before describing crack propagation, the materials in the system of current interest should be
defined in terms of their properties important for fracture mechanics. MCrAlY coatings show a
pronounced dependence of their mechanical properties on the temperature because of their high
fraction of the intermetallic -NiAl-phase (figure 29). At high temperatures these coatings are
ductile and at low temperatures these coatings are brittle. Crack propagation in MCrAlY coatings
subjected to thermal fatigue takes place at minimum temperature when the tensile load is highest
and the material is brittle. Superalloy substrates have a high volume fraction of the intermetallic
`-phase and are also brittle at low temperatures, although they are not as brittle as coatings.
Thus also coating and substrate can be nearly considered in terms of linear elastic fracture
mechanics.
Three regions of different propagation rates can be defined as presented schematically
in figure 32. In region 1 and below the threshold value K0 no crack propagation takes place and
above K0 the crack grows slowly. In region 2 the crack shows a stable propagation rate. In low
cycle fatigue the stable crack propagation rate depends on the cyclic strain intensity factor as
described in equation 25 and 26 [65], [68].
 mKC
dN
da  (25)
YaK   (26)
a = crack length, N = number of cycles,K = cyclic strain intensity factor,  = strain
range, C and m = constants for material and environmental influences, Y = factor of
component and crack geometry
In region 3 for high values of K the crack propagation rate is accelerated, strongly dependent
on K and can be described with Forman's fatigue crack law (equation 27). When K
approaches the critical cyclic stress intensity factor Kc instable crack propagation takes place
( dN/da ) [65].
   





KKR1
KC
dN
da
c
m
(27)
a = crack length, N = number of cycles, K = cyclic stress intensity factor, Kc = critical
stress intensity factor, C and m = constants for material and environmental influences, R
= load ratio = min/max = Kmin/Kmax
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Figure 32: Crack propagation rate in dependence of the cyclic stress intensity factor [65]
As MCrAlY coatings are brittle and they have a comparably low Kc, it can be expected that
crack propagation in the coating is instable (region 3 in figure 32). Practically this means that the
crack advances from the initiation site towards the coating-superalloy interface only within a
view numbers of cycles. When the crack tip meets the superalloy further propagation into the
bulk is determined by the mechanical properties of the superalloy. As superalloys have a
comparably high Kc one can assume that the propagation is stable. In fact it is observed [63]
that the crack, which advances from the coating, tends to show a crack tip blunting at the
coating-substrate interface, owing to the higher fracture toughness of the superalloy. From an
engineering point of view the propagation into the bulk da/dN is important since it reduces the
load bearing cross section of the component. During fatigue testing crack propagation into the
bulk is not easy assessable. Mostly crack propagtion visible on the surface is examined.
Strangman [62] performed a comprehensive evaluation of crack propagation in TMF
tested MCrAlY coatings. The crack propagation rate was examined by surface replica of the
samples. He found that the surface crack propagation rate db/dN depends on the crack length "b"
as long as the crack has not exceeded the coating-substrate interface (figure 33). Therefore
depending on the properties of the coating equations 25 or 27 applies. Strangman further found
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that after the crack exceeded the coating-substrate interface the propagation rate db/dN becomes
stable and depends on the coating thickness (equation 28).
   MxC
dN
db m
T   (28)
b = surface crack length, N = number of cycles, C and m = material constants,  =
elastic strain due to CTE mismatch, T = elastic strain due to transient temperature
gradient, x = coating thickness, M = metal recession rate due to oxidation
Figure 33: Propagation of a semi-circular crack in a coating
Figure 34: Propagation of a semi-elliptical crack in a coating-substrate system
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2.5.3 Influence of Alloying Elements
Chromium and Aluminium
Al and Cr are essential for the function of the coating as protection against oxidation and
corrosion. However, excessive additions of these elements can lead to the formation of phases
that reduce fatigue life, such as `, , TCP-phase and -Cr. Therefore, the specific Cr and Al
contents must be balanced for the specific requirements on the coating in the gas turbine (chapter
3.3).
Cobalt
Co is an element that is added to improve the mechanical properties of the MCrAlY coatings
(chapter 3.2) as it reduces the fraction of embrittling phases (chapter 2.2.3). More particular the
ductility at low temperatures is increased and the DBTT is reduced. 15-30 wt.% Co is optimal
for the improvement of coating ductility [4]. In superalloys Co increases the creep resistance as it
reduces the stacking fault energy in the  solid solution [69].
Refractory Elements
Since there are little reports about the effect of refractory elements on the mechanical properties
of MCrAlY coatings, their influence may be deduced from their effect on superalloys. In
superalloys, refractory elements like Mo, W, Nb, Ta and Re are applied to increase their yield
strength and creep strength, because they are solid solution hardening elements in the -phase,
increase the ` solvus and retard ` coarsening. Deleterious for the superalloys mechanical
properties is the tendency of refractory elements to form TCP-phase. For MCrAlY coatings the
TCP-phase and -Cr-phase can reduce the coating fatigue life [4].
The influence of different Re contents (1.5 wt.%, 5 wt.%, 10 wt.%) on the thermal
fatigue behaviour of NiCoCrAlY coatings was tested by Czech et.al. [33]. The best performing
coating contained 10 wt.% Re. The reason for that behaviour was not explained in this
publication. A later microstructural examination [70] revealed the opposite result: Re additions
of > 5 % should be avoided in the coatings, in order to prevent the formation of embrittling -Cr
and TCP-phases, which compromise the fatigue life.
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3 Patent Study
Since 1970, many different NiCrAlY and NiCoCrAlY coating patents have been registered by
the gas turbine industry. Several important coating developments will be reviewed in respect to
their chemical composition and properties. The claimed chemical composition ranges are given
in table 4. These ranges are, however, very wide and so the compositions of some prefered
coatings will by given in detail in the following paragraphs.
3.1 NiCrAl Coatings
1970 first NiCrAlY
The first NiCrAlY overlay coating allowed independence of the substrate composition in
contrast to the currently used diffusion coatings. The balance of Al and Cr and the addition of the
active element Y lead to good oxidation and corrosion protection in Ni28Cr14Al0.4Y [71].
1974 use of noble elements:
The application of noble elements in Ni8Cr6Al5Rh and Ni8Cr6Al10Pt [72] improved the oxide
scale adherence even without the presence of active elements like Y.
1975 introduction of Hf:
The protection against high temperature oxidation became predominant to sulfidation protection,
because of the increasing operation temperatures in gas turbines. Hf in Ni13.5Cr12Al3Hf [73]
improved the oxidation resistance by the formation of discontinuous internal oxides, which
anchored the covering Al2O3 scale.
1983 introduction of Ta:
Increasing gas turbine sizes and thus mechanical loads on the rotating components lead to the
application of directionally cast superalloys in the 1980`s. The prior art coatings tended to
compromise the mechanical properties of the components. Ta was able to strengthen the coatings
as well as improving the oxidation resistance. One exemplary alloy that was invented for single
crystal Ni-base superalloys was Ni20Cr11Al1Si1Hf7Ta [31].
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1987 NiCrAlY made substrate tolerant:
Another approach to combine a coating mechanically with the -` superalloy was to give the
coating a -` microstructure. The coating Ni25Cr5.5Al0.3Y1.2Si1Ta [74] had a -`
microstructure and adapted mechanically and chemically well to superalloy substrates. The
coating showed sufficient corrosion and oxidation resistance. A further development in 1987
focused on superalloy compatibility and claimed a coating, which was based on the Ni-based
superalloy composition [75] (not in table 4).
3.2 NiCoCrAl Coatings
1974 first NiCoCrAlY:
The coating ductility was improved compared to the prior art NiCrAlY coatings by the addition
of Co in Ni32.5Co20Cr12Al0.5Y [48]. Phases like ` and  embrittled the coating and their
fraction raised with increasing Al and Cr addition. The implementation of Co reduced the `-
phase fraction and increased the  fraction in the coating.
1975 introduction of Si and Hf:
The oxidation resistance of the coatings was improved by adding Si. It was claimed that Si
increases the oxide scale adherence in a Co35.5Ni21.1Cr13.4Al0.36Y2Si coating [76]. The
addition of Hf together with Si in 1981 improved the oxidation further by the oxide pegging
effect in Ni22Co18Cr12Al0.4Y0.6Si0.7Hf [77]. Further efforts to improve the oxide scale
adherence were made in 1986 by adding Zr and Ta [78].
1989 introduction of Re:
The addition of Re to NiCoCrAlY coatings improved the oxidation and corrosion resistance
between 600 °C and 1150 °C in the Co30Ni30Cr8Al0.6Y1.5Si7Re coating [79]. Further patents
that use Re to improve oxidation and corrosion resistance were in 1995
Co30Ni28Cr8Al0.6Y0.7Si7Re [80], [81] and 1997 Ni23.8Co13Cr12Al0.5lY1.7Si0.5Ta3Re [82].
In 1999 [83] various Re alloyed coatings were tested and since Re reduced the fatigue life the Re
content was limited to maximum 1 wt.%.
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Table 4: Prefered compositions ranges (wt.%) in MCrAlY coating patents
filed Ni Co Cr Al Y Si Hf Ta Re other reference
1970 bal. - 20-35 15-20 0.05-0.3 - - - - - [71]
1974 bal. - 8-30 5-15 - - - - - 5Rh [72]
1974 bal. - 8-30 5-15 - - - - - 5-10Pt [72]
1975 bal. - 10-35 10-20 - - 0.5-3 - - - [73]
1983 bal. - 17-23 10-13 0-0.8 0.1-1.5 0.1-1.5 3-8 - - [31]
1987 bal. - 23-27 3-5 0.2-2 1-3 - 1-3 - - [74]
1974 bal. 15-35 14-22 10-13 0.01-1 - - - - - [48]
1975 bal. bal. 10-35 10-20 0.1-0.7 0.5-7 - - - - [76]
1981 bal. 15-25 15-25 10-20 0-2 0.1-7 0.1-2 - - - [77]
1989 25-35 bal. 28-32 7-9 0.3-2 1-2 - - 4-10 [79]
1995 25-40 >=5 28-32 7-9 0.3-1 0.5-2 - - 1-15 - [80]
1995 25-40 >=5 28-32 7-9 0.3-1 1-2 - - 0-15 - [81]
1997 bal. 18-28 11-15 11.5-14 0.3-1.3 1-2.3 - 0.2-1.5 1-8 - [82]
1999 bal. 28-35 11-15 10-13 0.005-0.5 1-2 - 0.2-1 0-1 - [83]
remark: patent [81] abandons patent [80]
3.3 Summary of the Patent Review
After the first NiCrAlY coating was developed in 1970 further developments during the 1970`s
focused on improving the oxide scale adherence by additions of active elements like Y and Hf
and later also Si. During the 1980`s substrate compatibility and mechanical strength of the
coatings became important. This was achieved by alloying with Ta. Since the environmental and
mechanical conditions in different gas turbines can be varied, the Cr and Al contents vary from
vendor to vendor as presented in figure 35. Vendors A, C and D employ rather high Cr contents,
whereas vendor B uses smaller Cr additions. Apart from one exception (vendor D) the typical Al
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content is between 11 and 14 wt.%. These coatings are most likely to be Al2O3 formers as the
oxide map in figure 36 illustrates.
In 1974 the first NiCoCrAlY with optimised ductility owing to Co was developed.
Similar to the NiCrAlY coatings, the oxidation resistance of NiCoCrAlY coatings was improved
by increasing the oxide scale adherence with Si and Hf additions from the late 1970`s to the
1980`s and the mechanical strength was improved with Ta additions in 1986. In the late 1980`s
Re additions were employed in order to improve oxidation and corrosion resistance. There were,
however, some doubts about the influence of Re on the fatigue behaviour. As a consequence one
vendor changed the Re content from 4-10 wt.% in 1989 to 0-15 wt.% in 1995 allowing lower
additions of Re. With the change in composition range also higher Re additions were allowed.
The reason for that is unclear. Another vendor reduced the Re content from 1-8 wt.% in 1997 to
0-1 wt.% in 1999. For NiCoCrAlY coatings the Co, Cr and Al additions also vary from vendor to
vendor as shown in figure 37. Co varies between 22 and 33 wt.%, Al varies between 8 and
13 wt.% and Cr varies between 13 and 30 wt.%. As figure 38 shows all these coatings form
Al2O3.
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Figure 35: Prefered chemical compositions of the NiCrAlY coatings: 1970 [71], 1974 [72], 1975
[73], 1983 [31], 1987 [74], reactive elements are Si, Y and Hf, refractory element is Ta and
noble element is Pt
Figure 36: Prefered chemical compositions of the NiCrAlY coatings indicated by the notation of
the vendor A, B, C and D (figure 35). The coatings of vendor A and C are beyond the map but
are plotted in an extrapolated distance from the diagram.
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Figure 37: Prefered chemical compositions of the NiCoCrAlY coatings: 1974 [48], 1975 [76],
1981 [77], 1989 [79], 1995 [81], 1997 [82], 1999 [83], reactive elements = Y, Si, Hf, refractory
elements = Ta, Re
Figure 38: Prefered Al and Cr contents of the NiCoCrAlY coatings indicated by the notation of
the vendor B, E and D (figure 37). The coatings of vendor B and E are beyond the map but are
plotted in an extrapolated distance from the diagram.
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4 Tasks and Program
Tasks
In the former chapters a number of questions were raised concerning the influence of Co and Re
on MCrAlY coatings:
1. What is the influence of Co and Re on microstructure and phase transformation of the
NiCrAl system and MCrAlY coatings? This question concerns the influence of Co and Re on `,
, -Cr and TCP-phase formation. There is no information available on the influence of Co on
the NiCrAl system and the influence of Re on the NiCoCrAl system, although applied in
industrial coatings.
2. How do Co and Re affect high temperature oxidation and coating consumption? More
particularly attention should be paid to the influence on oxide morphology, scale growth rate and
on -phase recession due to simultaneous oxidation and interdiffusion. For Co there is only
sparse information and for Re published results are contradicting.
3. What is the influence of Co and Re on thermal fatigue? Of interest is the affect of Co
and Re on crack initiation and propagation. Detailed microstructural investigations of fatigue
tested NiCrAl coatings alloyed with Co and Re are missing. For the effect of Re on fatigue life of
NiCoCrAlYRe coatings positive as well as negative influences are reported.
Program
Figure 39 shows a chart, which represents the program of this study. The first section concerns
microstructures and phase transformations. Phase diagrams, phase fractions, element activities
and phase chemistries are thermodynamically modelled. Additionally, experimental coatings are
metallographically examined for their phase chemistry and phase fraction.
The second section is the testing of the coatings. The laboratory testing comprises
isothermal oxidation tests, thermal fatigue tests and measurement of the coefficient of thermal
expansion. Further, the coatings are run in a full size industrial gas turbine.
The third section is the evaluation of the tested coatings. The oxidized samples reveal
data about oxide formation, coating consumption and interdiffusion. From the fatigue tests,
cracking and deformation behaviour of the coatings is evaluated. The turbine blades that were
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run in the gas turbine are metallographically examined for the coating response to the engine
operation.
Figure 39: Program of the thesis
57
5 Experimental Details
5.1 Thermodynamic Modelling
Thermodynamic modelling was used to calculate the influence of Co and Re on the NiCrAl
ternary phase diagram and the microstructures of the later experimentally tested coatings. The
implemented software was Thermo-Calc. Thermo-Calc uses the CALPHAD method in which
the free energy of formation of particular phases is calculated and minimized to obtain the phase
equilibrium [49].
For the current thesis a data bank was applied, which contains among other elements
also Ni, Co, Cr, Al, Si, Ta and Re. The phases liquid, , `, -NiAl and -Cr were chosen for the
calculation of the coating microstructure and quaternary phase diagrams. Limits for element
additions are bound to typical superalloys because the applied database is designed and based on
experiments with superalloys. Table 5 presents element limits, which were important for the
current thesis. The limit for Si is not given in the publication. Although some of the limits are
lower than typical additions in MCrAlY coatings, Saunders [84] points out that it is still possible
to calculate MCrAl based coatings. The Thermo-Calc software then has to extrapolate the data.
In the end, it is important to have some knowledge about the material being modelled in order to
judge the quality of the modelling result. Furthermore, a comparison of the calculated phase
diagrams with experiments is recommended.
Table 5: Maximum element additions in Ni-DATA given in wt.%
Co Cr Al Ta Re
25 30 7.5 15 10
5.2 Materials
Substrates and Components
All tests were performed with coatings applied on industrial gas turbine blades. For the oxidation
and thermal fatigue testing single crystal blades cast in CMSX-4 were used and for the engine
test, directionally solidified blades cast in DSCM247LC (figure 40) were used as substrates. The
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chemical compositions of the substrates are presented in table 6. The blades were solution heat
treated before the coating process.
Figure 40: Columnar solidified blade used as substrate for engine test
Table 6: Chemical composition of the substrates in wt.% [6], Ni = balance
alloy Co Cr Al Ti Mo W Ta Hf Re C B
CMSX-4 9.7 6.5 5.6 1.0 0.6 6.0 6.5 0.1 3.0 - -
DSCM247LC 9.2 8.1 5.6 0.7 0.5 9.5 3.2 1.4 - 0.07 0.01
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Coating Alloys
Six alloys were produced as metallic powder. The concentrations of the main alloying elements
are given in table 7. Further alloying elements, which are added to all coatings, are Y, Si and Ta.
Unfortunately it was not possible to present these numbers in the current study. The names of the
alloys were chosen according to their nominal Co and Re contents in wt.%, i.e. 24 and 30 Co and
0, 1.5 and 3.0 Re respectively. With the exception of alloy 30Co1.5Re, the measured
compositions are close to the nominal compositions. 30Co1.5Re has a real Re content of
2.26 wt.% instead of 1.5 wt.%.
Table 7: Measured chemical composition of the coatings in wt.% Ni = balance
alloy name Co Cr Al Re
24Co 23.3 13.0 11.3 -
24Co1.5Re 23.7 12.8 11.5 1.57
24Co3Re 23.8 13.0 11.3 3.00
30Co 29.7 12.9 11.5 -
30Co1.5Re 29.4 12.7 11.4 2.26
30Co3Re 28.4 11.9 11.0 2.96
Coating Process
The coatings were produced by vacuum plasma spraying in an industrial facility. The thickness
of the coatings lies between 200 and 400 m, which depends on the location on the blade. After
plasma spraying, the DSCM247LC and CMSX-4 blades were heat treated to ensure bonding of
the coating due to shallow interdiffusion and to reduce stresses in the coating. The heat treatment
used was 1140 °C, 6 h + 870 °C, 20 h under vacuum. The DSCM247LC blades also had cooling
holes drilled in the platform and airfoil after coating by electron discharge machining.
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5.3 Oxidation
The coatings 24Co, 30Co and 24Co3Re were oxidation tested. Airfoils of some blades coated
with these alloys were segmented to specimens with the dimension of approximately 5 mm by
5 mm and the thickness of the airfoil wall. The isothermal oxidation was performed at 1000 °C
and 1050 °C in air. After 100 h, 500 h, 1000 h, 2000 h and 5000 h one specimen of each alloy
was removed from the furnace and cooled to room temperature in still air. Only the 5000 h
specimens were cooled in the furnace. Details about the metallographic preparation, microscopy
and evaluation of these samples will be explained in chapter 5.7 to 5.9.
5.4 Coefficient of Thermal Expansion
The measurement of the CTE was performed by Waschbüsch [85]. The equipment used was a
Setaram TMA 92-16. The samples were hot isostatic pressed cylinders made from the alloy
powders. The temperature range for the measurement was 200 to 1100 °C and the heating rate
was 5 K/min.
5.5 Thermal Fatigue
Thermal fatigue testing was performed with coated turbine blades. Prior to fatigue testing the
blades were shot peened to smoothen the surface in order to obtain comparable surfaces. The test
was performed in a burner rig (figure 41), which consisted of two chambers. In one chamber, the
blade was heated with a kerosene burner. In the second chamber the blade was cooled with a
water jet from a slit shaped nozzle onto the airfoil pressure side according to figure 42. The
minimum temperature was approximately 20 °C, which is the temperature of the water. The
maximum temperature was 1100 °C. The dwell time at peak temperature was approximately 190
s as presented by the temperature-time cycle shown in figure 43.
Six blades coated with the alloys in table 7 were tested. Each blade was removed for
crack inspection after 5, 50 and 100 cycles. The crack inspection was done using a fluorescent
penetrate inspection (FPI) and photographic documentation of the entire pressure side airfoil,
which shows the cracks owing to thermal fatigue testing. The images were then quantitatively
examined with digital image analysis as described in chapter 5.9. After the crack inspection the
blades were further fatigue tested up to 400 cycles. Then the blades coated with 30Co and
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24Co3Re were examined for their surface condition with SEM and metallographically examined
for their microstructure and cracking behaviour (chapter 5.7 and 5.8). Figure 42 also shows the
region where the SEM images are taken from.
Figure 41: Burner rig for thermal fatigue testing, the rig consists of two chambers, one for
heating (1) and one for cooling (2), the blade (3) moves between them
Figure 42: Water jet (grey) hitting the airfoil pressure side of the turbine blade. The slit shaped
nozzle is arranged parallel to the airfoil longitudinal axis. Region with highest transient thermal
gradients can be expected in the dark grey region of the airfoil. SEM images were aquired at half
airfoil height in the location represented by the square.
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Figure 43: One typical thermal fatigue cycle
5.6 Engine Component Evaluation
The engine, which was available for the rainbow test of coatings, is schematically shown in
figure 44. The turbine ran with natural gas, has a power output of 165 MW, an exhaust gas
temperature of 524 °C and a turbine speed of 3000 rpm. The test blades ran for 1315 operation
hours and were exposed to 158 start/stop cycles.
After engine testing the blades were removed from the engine, they were
macroscopically photographed and tested for cracks using FPI. The metallographic examination
was focused on the blade regions with the highest operation temperature and regions that
exhibited cracking.
The temperature of the material was estimated from the substrate -` microstructure
degradation owing to engine operation. The -` microstructure of the superalloy coarsens in
dependance of the time and temperature at elevated temperatures. In chapter 1 it was explained
that turbine blades show a nonuniform temperature distribution. At a given operation time, here
1315 hours, the -` microstructure coarsened to different extend in the various regions of the
blade. SEM images of the intradendritic superalloy -` microstructure were aquired in
predefined locations of the turbine blade. The SEM images are taken in a position approximately
200 m below the coating-substrate interface to disclose interdiffusion effects on the -`
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structure. The extend of -` coarsening in the SEM images of the blade was compared with
SEM images in a microstructural map of the same material. A microstructural map is a matrix of
SEM images showing different states of -` coarsening at different times and temperatures [86].
By the comparison with the SEM images from the blade with the SEM images in the map one
gets an estimated for the local temperature of the turbine blade. The accuracy of the current
estimation is approximately ± 25° C. This is due to the mesh width in the matrix of the
microstructural map, which is 50 °C. The obtained temperatures are used in this thesis in order to
jugde the coating behaviour under similar conditions.
For that procedure following simplifications must be taken for granted: 1. The
temperature estimated from -` images will be somewhat lower than the average temperature of
the coating on the turbine blade as the coating is closer to the hot surface. This can be explained
by the thermal gradient, which exists over the airfoil wall of the internally cooled blade. 2. The
temperature estimated by -` coarsening can only be an average temperature. The -`
coarsening visible in the SEM images represents the microstructure reaction to the entire thermal
history of the blade. Thermal history means maximum temperatures due to peak load, lower
temperatures due to part load operation, etc. These maxima and minima cannot be evaluated by
the temperature estimation based on the microstructure.
Figure 44: Schematic image of the gas turbine, which was used for the engine feedback test.
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5.7 Metallographic Preparation
The thermal fatigue tested blades were cut transversely at half airfoil height. The engine tested
blades were cut in the hottest region and in regions where cracks were found. The specimens
from the oxidation annealing were relatively small, therefore, cutting was not necessary. After
the surfaces were macroscopically inspected, all specimens were embedded in a polymer by
infiltration. The infiltration ensures the stabilisation of oxides and cracks. Grinding and polishing
was performed with a fully automatic Struers MAPS facility using the preparation steps
summarized in table 8.
Table 8: Main steps of metallographic polishing in the preparation order from left to right
abrasive
surface
stone
grit 150
Allegro
cloth
DP Plan
cloth
DP Dac
cloth
DP Dac
cloth
DP mol
cloth
suspension water diamond15 m
diamond
9 m
diamond
6 m
diamond
3 m
diamond
1 m
The polished samples were chemically etched for image acquisition with the solution given
below [87].
MoO3 0,5 g
HCl 50 ml
HNO3 50 ml
H2O 200 ml
The etchant attacks  and `. Etching was carried out at room temperature. The etching time
depends on the microstructural phases, which should be emphasized. A -phase etching takes ca.
10 to 20 s and a ` etching ca. 30 to 45 s. For the purpose of chemical microanalysis and digital
image analysis of - structure the samples were used in the unetched condition. This increases
the accuracy of the analysis.
5.8 Microscopy and Microanalysis
The metallographic samples were examined with both optical and electron microscopy. For the
optical microscopy a Leica DMRXA was used. The digital images have a size of 1264 x 920
pixel. The scanning electron microscope (SEM) was a CamScan with the digital image size of
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1752 x 1408 pixels and a Tescan TS5130XL-EO-Scan with an image size of 1024 x 864 pixel.
All SEM images of the metallographic samples were made in the backscattered electron (BSE)
mode. SEM images of the coating surfaces were made with the secondary electron mode.
Qualitative and quantitative chemical analyses of single phases in the coatings were
done with an Oxford energy dispersive x-ray (EDX) detector. A Cobalt standard was used to
adjust the detector for the quantitative analysis. The analysis results in wt.% were not normalized
to 100 wt.% to be able to judge the analysis quality and so only results with a deviation smaller
than  3 from 100 wt.% were used. After confirmation, the wt.% values were calculated to at.%
and normalized to 100 at.%. In this study the average values out of four measurements are given.
For the measurement of quantitative concentration profiles of the oxidized coatings
24Co, 30Co and 24Co3Re, the microprobe Jeol-8900RL with four wavelength dispersive x-ray
detectors was used. For the quantification, standards of alloys and pure substances were taken.
The spot size was 20 m in diameter, containing a large enough number of microstructural
phases and the spot was automatically moved in steps of 20 m. Similar to the EDX
measurements for WDX only results within  1 from 100 wt.% were accepted.
5.9 Image Analysis
Image analysis was performed with the macro-based software KS400 version 3.0 and with the
measurement tools of Images Access version 2.0. The image analysis tools were employed to
obtain quantitative measurements from microscopic images: oxide scale thickness, depletion and
interdiffusion zone thickness, extent of cracking after thermal fatigue and phase fractions.
Oxide Scale Thickness
Four SEM images with an appropriate magnification were used, which showed the typical oxide
scale over a suitable sample length. The thickness was measured manually by drawing vectors
perpendicular to the oxide-metal interface in at least five different locations. Since the oxide-
metal interface is irregular, an averaging line was plotted for the measurement (figure 45). The
systematic error of these values is due to the roughness of the interface, digital image resolution
and quality of focus and was estimated to be  10 %.
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Depletion Zone Thickness
The depletion zone is the layer that is consumed in the -NiAl-phase due to oxidation. The
depletion zone thickness was measured in three SEM micrographs per condition according to
figure 46. The systematic error for the single values was estimated to be  10 %.
Interdiffusion Zone Thickness
The interdiffusion zone consists of layers on both sides of the coating-substrate interface
showing a degraded microstructure due to interdiffusion. Each layer was measured with lines
parallel to the interface (figure 47). The thickness of the layers was measured on three SEM
images. The systematic error of a single measurement is  10 %.
Figure 45: Measurement of oxide scale thickness, the vectors are plotted perpendicularly through
the scale at locations that represent the typical thickness
Figure 46: Measurement of oxidation depletion zone thickness
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Figure 47: Measurement of interdiffusion zone thickness, x1 = diffusion layer on coating side, x2
and x3 = diffusion layers in the substrate
Extent of Cracking after Thermal Fatigue
The thermal fatigue tested blades were penetration tested with a fluorescent colour to indicate the
cracks. Macroscopic images were made using ultraviolet light (figure 48 a). The photos showed
the pressure side of the airfoil, which was subjected to the burner flame and the water jet (figure
48 a). The analysis macro was programmed in the software package of KS400 3.0 within the
course of this thesis and includes operation steps with various filters to improve the visible
features of the cracks. The resulting binary images represent the crack network (figure 48 b). The
total crack length in mm was calculated from the number of pixel together with a calibration of
the images. The accuracy of the results is  10 mm for each measurement. The accuracy given in
percent lies between 50 % for the smallest crack network and 0.8 % for the largest crack
network.
Phase Fraction
The phase fractions of the coatings were measured on SEM micrographs in the BSE mode. For
each condition 10 micrographs with the same magnification were made. An appropriate tool that
gives the area fraction of the -phase and the TCP-phase was programmed (figure 49).
The accuracy of the average area fraction " A " of the 10 micrographs can be calculated
from the systematic error plus the statistical error. The systematic error of a single measurement
is due to the grey value transition between the microstructural phases. The statistic error is due to
the number of micrographs and the deviation of the measurements. The error of each number is
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approximately  4 %. In area% this means ± 2 area% for the -phase and ± 0.2 area% for the
TCP-phase.
In the Thermo-Calc modelling the phase fraction was given in vol.%. For a comparison
with the experiment area% must be calculated to vol.% [88]. In homogenous microstructures,
like the currently examined coatings, the fraction in area % equals the fraction given in
volume %.
a) b)
Figure 48: Image analysis of FPI images from cracked blades
a) cracks in the pressure side airfoil visible by UV light
b) binary image of cracks within a region indicated by the red frame in the colour image
Figure 49: Image analysis of SEM micrographs of the coating microstructure
left = BSE image, middle = binary image for  (white), right = binary image for TCP-phase
(white)
69
6 Results
6.1 Thermodynamic Modelling
6.1.1 Influence of Co and Re on the NiCrAl System
Figure 50 shows the Ni rich corner of the ternary NiCrAl system calculated with Thermo-Calc in
this thesis. The system is isothermally cut at 1000 °C and plotted up to 30 wt.% Al and Cr. In the
Al rich corner the system exhibits a  field and in the Al poor corner it has a  field. Both single-
phase fields enclose the fields +`, `, and `+. Instead of a four-phase reaction +`+,
which is suppose to take place at 1000 °C (figure 18), three fields are apparent with the phases
++, + and +`+ in equilibrium.
In the following section the ternary NiCrAl system is altered by additions of Co and Re. There
are two ways of implementing further elements in the ternary diagram. One way is the
application of a Ni and Cr equivalent, which imply Co and Re in the Ni and Cr axis respectively.
This is generally done when no thermodynamic database exists for the additional element and
results in so called quasiternary diagrams. For the current modelling thermodynamic data about
Co and Re exist (chapter 5.1). Therefore, it is possible to calculate the effective influence of
those elements in respect to the ternary NiCrAl system. The resulting diagrams have one degree
of freedom more than ternary diagrams. For the purpose of visualising the differences to the
ternary NiCrAl system they are plotted as triangles. Co and Re are constant additions through the
entire NiCrAl system and Ni is the balance element. For example, an alloy with 10 % Al, 20 %
Cr, 30 % Co and 5 % Re has a Ni content of 35 %.
The following diagrams are plotted only up to 30 % Cr and Al respectively, as the
calculation with constant alloying additions make no sense for the Ni poor corner. Finally those
diagrams should be considered only as one possibility to visualise the effect of alloying
elements.
Addition of 15 wt.% Co to the NiCrAl system results in the quaternary diagram shown in figure
51. The major difference to the NiCrAl system is the significant increase in size of the two-phase
+ field. The field containing ` are shifted to lower Cr concentrations.
The + field, which is mall at 1000 °C without Co additions, expands to lower
temperatures. The expansion of the + is accompanied by the shrinkage of the `+, ` and +`
fields and by the shrinkage of the fields containing the -phase.
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Increasing the Co content to 24 or even 30 wt.% (figure 52 and figure 53) increases the
size of the + field by the expense of the ` and  containing fields. In other words the
equilibrium reactions   and   are shifted to lower Cr concentrations.
Adding 3 wt.% Re to the quaternary NiCrAl24Co system shifts the + field towards
smaller Cr concentrations (figure 54), which separates the  from the +`+ field. Furthermore,
the shift of the + field is accompanied with the appearance of + and ++ fields.
Figure 50: Ternary NiCrAl phase diagram, isothermal cut at 1000 °C
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Figure 51: NiCrAl system with 15 wt.% Co, isothermal cut at 1000 °C
Figure 52: NiCrAl system with 24 wt.% Co, isothermal cut at 1000 °C
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Figure 53: NiCrAl system with 30 wt.% Co, isothermal cut at 1000 °C
Figure 54: NiCrAl system with 24 wt.% Co and 3 wt.% Re, isothermal cut at 1000 °C
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6.1.2 Microstructure of the Coatings
According to the diagrams in figure 52 to figure 54 the coatings of the current study (table 7)
will have a two-phase + microstructure at 1000 °C. As the coatings in gas turbines are
subjected to a wide range of temperatures, it is important to investigate the coating
microstructure in dependence on the temperature. It should be mentioned that Si and Ta
additions are included in the now following calculations. The amount of Si and Ta is in
accordance with the later experimental coatings.
Phase Transformations
It should be anticipated that all alloys exhibit the same sequence of phase formation (equation
29) between 700 °C and 1400 °C as shown in figure 55 to figure 60.
 LLL (29)
Co and Re mainly influence the temperatures where the transitions take place. In all alloys the -
phase solidifies primary. Secondly the  phase solidifies so that liquid (L),  and  coexist in a
narrow temperature range. Further cooling leads to further solidification of  and some  until all
the microstructure consists of +. Addition of Re decreases the solidus and increases the
liquidus (table 9), i.e. it increases the solidification range. Coatings with 24 % Co show a
solidification range of 120 °C and coating with 24 % Co and 3 % Re a solidification range of
136 °C. Coatings with 30 % Co have a solidification range of 119 °C and the addition of 3 % Re
increases it to 135 °C. These numbers also show that Co has no influence on the solidification
range, as it increases the solidus and the liquidus temperature similarly.
After solidification the coatings consist of + for a large temperature range. The two-
phase + field is limited to lower temperatures by a three phase +`+ field due to the
precipitation of `. Comparing the phase fraction curves it appears that ` forms at the expense of
. The ` solvus lies between 875 °C and 966 °C in the current alloys (table 9). Adding 3 % Re
decreases the ` solvus by 46 °C and 47 °C for the 24 % and 30 % Co coatings respectively.
Increasing the Co content from 24 % to 30 % has a similar effect on the ` solvus as the Re
additions. The ` solvus is reduced by 44 °C for the Re free alloys and by 45 °C for the alloys
with 3 % Re.
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Below 726 °C to 904 °C a Cr rich phase occurs (table 9). This phase consists of Ni, Co,
Cr and few Si. In the case of Re alloyed coatings it additionally contains Re. The chemical
composition of this phase varies in dependence on the temperature and alloy. Mostly a Ni+Co
content of approximately 30 at.% can be found. It is not clear whether this is -Cr or TCP-phase.
In agreement with the phase diagrams (chapter 6.1.1) this phase will be referred to as  in the
following text.
The formation of  is accompanied with a decrease in -phase fraction and leads to the
appearance of a temperature range where the four phases +`++ are in equilibrium. For the
current alloys the additional degrees of freedom (more than three alloying elements) allow the
four phases to exist in a temperature range. Increasing the Re content in the alloys increases 
solvus and therefore expands the temperature range of the four coexisting phases. The 24 % Co
alloy exhibits the four phases between 750 °C and 788 °C (T = 38 °C). Adding 3 % Re
increases the temperature range to 750 - 904 °C (T = 154 °C). Increasing the Co content from
24 % to 30 % reduces the  solvus (table 9).
Table 9: Liquidus, solidus and solvus temperatures in Ni13Cr11.5Al1.2Si0.5Ta base alloys
Co
wt.%
Re
wt.%
solidus
°C
liquidus
°C
` solvus
°C
 solvus
°C
24 0 1267 1387 966 788
24 1.5 1266 1393 943 839
24 3 1263 1399 920 904
30 0 1274 1393 922 726
30 1.5 1272 1399 899 783
30 3 1270 1405 875 860
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Figure 55: 24Co = Ni24Co13Cr11.5AlSiTa
24Co1.5Re
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Figure 56: 24Co1.5Re = Ni24Co13Cr11.5AlSiTa1.5Re
24Co3Re
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Figure 57: 24Co3Re = Ni24Co13Cr11.5AlSiTa3Re
76
30Co
0
10
20
30
40
50
60
70
80
90
100
700 800 900 1000 1100 1200 1300 1400
Temperatur in °C
P
ha
se
nm
en
ge
 in
 m
ol
.%
g
g
b
a
L
`
Figure 58: 30Co = Ni30Co13Cr11.5AlSiTa
30Co1.5Re
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Figure 59: 30Co1.5Re = Ni30Co13Cr11.5AlSiTa1.5Re
30Co3Re
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Figure 60: 30Co3Re = Ni30Co13Cr11.5AlSiTa3Re
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Phase Fractions
In this thesis, the phase fractions were modelled for 1140 °C and for 870 °C, because these are
the heat treatment steps of the experimental coatings (chapter 5.2).
At 1140 °C all coatings consist only of + and the  fraction is always higher than
50 % (table 10). There is no difference in phase fraction between the coatings with 24 % Co and
30 % Co. Re increases slightly the -phase fraction by 1-2 mol.%.
Isothermal annealing at 870 °C causes ` to form. With increasing Co and Re the
fraction of  and  increases at the expense of ` (table 10). This is in accordance with the
expansion of the + field which is accompanied with a shrinkage of the ` containing fields in
the systems presented in chapter 6.1.1. The influence of Co and Re on the  fraction is more
pronounced than the influence on the  fraction.
The tendency to form  is low for 870 °C. To obtain insight into the change of the 
fraction, data at lower temperatures must be compared: At 800 °C the 24 % Co alloys have 0, 3.6
and 6.2 %  with increasing Re content of 0, 1.5 and 3 % respectively. The 30 % Co coating
shows a small tendency to develop : only the 3 % Re alloy contains 1.9 % -phase.
Table 10: Modelled phase fractions in Ni13Cr11.5AlSiTa base alloys
phase fractions
870 °C
phase fractions
1140 °CCo Re
  `   
wt.% wt.% mol.% mol.% mol.% mol.% mol.% mol.%
24 0 34 54 12 0 47 53
24 1.5 36 57 7 0 46 54
24 3 36 58 5 1 45 55
30 0 39 58 3 0 47 53
30 1.5 40 59 1 0 46 54
30 3 40 60 0 0 46 54
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Al and Cr Activity at 1000 °C
The activity of Cr and Al has been calculated for 1000 °C, as this is one of the temperatures of
oxidation testing. Re causes an increase of both the Al and the Cr activity in the alloys (table 11).
Increasing the Co content from 24 wt.% to 30 wt.% results in an increasing Al but decreasing Cr
activity.
Table 11: Modelled activities of the Ni13Cr11.5AlSiTa base alloys 1000 °C
Co
wt.%
Re
wt.%
Al
activity
Cr
activity
24 0 4.8710-5 0.419
24 1.5 5.1910-5 0.425
24 3 5.5210-5 0.430
30 0 5.5810-5 0.395
30 1.5 5.9510-5 0.400
30 3 6.3510-5 0.405
6.2 Microstructure of the Experimental Coatings in the Initial State
6.2.1 Coating Microstructure
Phase Types
Coatings produced by vacuum plasma spraying that are subsequently heat treated (chapter 5.2)
consist of two to four different phases. It will be shown later these phases are identified as , `,
, TCP-phase and an Y, Si rich phase. The coatings exhibit following microstructures:
24Co  +  + ` (figure 61)
24Co1.5Re  +  + TCP + M5(Y,Si) (figure 62)
24Co3Re  +  + TCP (figure 63)
30Co  +  + ` + M5(Y,Si) (figure 64)
30Co1.5Re  +  + TCP (figure 65)
30Co3Re  +  + TCP (figure 66)
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Figure 61: Coating 24Co, 1 = , 2 =  (` is not clearly visible here)
Figure 62: Coating 24Co1.5Re, 1 = , 2 = , 3 = TCP, 4 = M5Y,Si
Figure 63: Coating 24Co3Re, 1 = , 2 = , 3 = TCP
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Figure 64: Coating 30Co, 1 = , 2 = , 3 = M5Y,Si (` is not clearly visible here)
Figure 65: Coating 30Co1.5Re, 1 = , 2 = , 3 = TCP
Figure 66: Coating 30Co3Re, 1 = , 2 = , 3 = TCP
81
Phase Chemistries
-phase (figure 67):
The -phase consists of Ni, Co, Cr, Al, along with Re in the case of the Re alloyed coatings.
Increasing Co additions from 24 to 30 wt.% change the Ni and Co concentrations accordingly,
because Co substitutes Ni (table 12). The Cr and Al content in the -phase are barely influenced
by Co. Re additions influence the Ni and Co contribution to the -phase: With increasing Re, the
Ni concentration decreases and Co concentration increases. It should be noted that the alloy
30Co1.5Re has a real Re content of 2.26 wt.% (table 7). However, for a qualitative judgement of
the influence of Re this is of no matter. The Re content in the -phase increases from 0 at.% to
approximately 2 at.% when increasing Re to 3 wt.% in the coating. Re leads to a decrease of Al
and increase of Cr.
-phase (figure 68):
The -phase contains Ni, Co, Cr and Al (table 12). As Co substitutes Ni also in the -phase the
Ni content decreases with increasing Co. The Al content increases very little with increasing Co
and the Cr content is unaffected. Re does not have a distinctive influence on the chemical
composition of the  phase.
TCP-phases:
In contrast to the Thermo-Calc prediction TCP formed in the experimental coatings instead of
-Cr. The -Cr predicted by the calculation contains approximately 30 at.% Ni+Co. The
experimentally found phase (table 12) can be identified as TCP-phase having a Ni+Co content of
approximately 50 at.% (chapter 2.2.1). It has a blocky morphology and precipitates either on the
- grain boundaries (figure 69) or as large particles between  and  (figure 70). The heat
treatment of the coatings is 1140 °C, 6 h + 870 °C, 20 h. After the first step of 1140 °C the
coatings contained almost no TCP-phase. The TCP-phase as shown in figure 69 and figure 70
appeared after the second step with 870 °C.
Y-Si rich phase:
The coatings 24Co1.5Re and 30Co contain some Y and Si rich particles. The composition of this
phase is quantified for 30Co in at.%: 42Ni20Co10Cr4Al13Si11Y and appears to be an
intermetallic phase of the type M5(Y,Si) (M = Ni, Co, Cr, Al) as is reported before by
Kowalewski [63].
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`-phase:
The Re free coatings 24Co and 30Co contain plate like precipitates within . Figure 71 presents
such precipitates found in the 30Co coating. The particles are too small to obtain a quantitative
chemistry using EDX. A qualitative element mapping of a region containing such precipitates in
30Co is presented in figure 72. These particles have a similar Ni and Co content compared to the
-phase. The Cr and Al mappings exhibit some different shade compared to the -phase, which
surrounds the platelets. It appears that the Cr content is slightly higher and the Al content is
slightly lower than in . For Si and Y no measurable enrichments can be found. Figure 73 shows
a micrograph of 30Co after the 1140 °C heat treatment step and before the 870 °C step. The -
phase does not exhibit those plate like precipitates in this stage of heat treatment. Consequently
these platelets formed during the 870 °C annealing. According the modelling in figure 58 these
platelets could be ` precipitating at 870 °C.
As this plate like ` phase will not be discussed later anymore, some comments should
be made here: Taylor and Floyd [45] found ` platelets that developed within  in a ternary
NiCrAl alloy containing 4.9 at.% Cr and 26.6 at.% Al (5.1 wt.% Cr, 14.4 wt.% Al) during
annealing at 850 °C. Considering the above results and the experimental evidence of Taylor and
Floyd it is reasonable to coin those plate like precipitates `.
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Figure 67: composition of the -phase
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Figure 68: composition of the -phase
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Figure 69: Blocky TCP on a - grain boundary in 30Co3Re, 1 = , 2 = , 3 = TCP
Figure 70: Blocky TCP between  and  in 30Co3Re, 1 = , 2 = , 3 = TCP
Figure 71: plate-like ` precipitates (3) in  of 30Co, 1 = , 2 = 
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Figure 72: Element mapping of a region containing plate like ` precipitates in  of 30Co
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Figure 73: 30Co after the 1140 °C heat treatment and without the 870 °C annealing
Phase Fractions
The fraction of -phase and TCP-phase is measured by digital image analysis (chapter 5.9). The
amount of the plate like ` could not be measured.
The -phase fraction in the Re free coatings increases remarkably when raising the Co
from 24 to 30 wt.%. 24Co has on average 48 %  and 30Co has 56 %  (table 13). The tendency
to increase the  fraction is in agreement with the modelling results for 870 °C (table 10).
However, the absolute numbers obtained from the microstructures deviate from 870 °C of the
model and are similar to the 1140 °C number. Once Re is added Co no longer has a significant
effect as 24Co1.5Re and 24Co3Re show similar  fraction numbers as 30Co1.5Re and 30Co3Re
between approximately 55 and 60 % (figure 74). The effect of Re to increase the  fraction is
greatest when comparing 24Co and 24Co1.5Re. It appears that the addition of Re and the
increased Co content effect only little the -phase fraction once the coating approaches about
55 %.
For the TCP-phase fraction Co has no influence and Re increases the TCP fraction as
shown in figure 75. 24Co1.5Re shows only traces of TCP-phase.
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Table 13: Phase fractions in the coatings given in area % as average of 10 measurements
coating -phase blocky TCP-phase
24Co 48 0
24Co1.5Re 57 < 0.1
24Co3Re 59 1.1
30Co 56 0
30Co1.5Re 58 0.2
30Co3Re 60 1.3
6.2.2 Interdiffusion Zone
The initial heat treatment causes interdiffusion between the coatings and the substrate, and the
substrate microstructure adjacent to the coating-substrate interface changes. On the coating side
of the interface, no visible change exists in this condition.
On the substrate side the interdiffusion zone of all coatings exhibits a medium grey 
matrix with large blocky and dark grey  particles (figure 76 - figure 83).
Additionally white blocky particles, which are rich in Ta and Ti, can be found in the 
matrix or between  and . The quantitative analysis of the particles in 30Co is
7Ni6Co61.5Ta25.5Ti given in at.%.
The coatings that contain Re also exhibit white W-Cr-Re rich particles, which are
surrounded by the dark -phase. Qualitatively, the 3 wt.% Re coatings show more of these
precipitates than the 1.5 wt.% Re coatings. The analysis of those precipitates in 24Co3Re is
23Ni21Co20Cr24W12Re given in at.%.
30Co1.5Re and 30Co3Re show small bright platelets within the -phase and in the
vicinity of the W-Cr-Re rich particles (figure 80 and figure 81). A reliable analysis could not be
performed because the particles are too small for the currently applied technique.
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Figure 76: 24Co/CMSX-4 interdiffusion zone, the white line is the original interface
1 = , 2 = , 3 = Ta-Ti rich particle
Figure 77: 24Co1.5Re/CMSX-4 interdiffusion zone, the white line is the original interface
1 = , 2 = , 3 = Ti-Ta rich particle, 4 = W-Cr-Re rich particle
Figure 78: 24Co3Re/CMSX-4 interdiffusion zone, the white line is the original interface
1 = , 2 = , 3 = Ti-Ta rich particle, 4 = W-Cr-Re rich particle
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Figure 79: 30Co/CMSX-4 interdiffusion zone, the white line is the original interface
1 = , 2 = , 3 = Ti-Ta rich particle
Figure 80: 30Co1.5Re/CMSX-4 interdiffusion zone, the white line is the original interface
1 = , 2 = , 3 = Ti-Ta rich particle, 4 = W-Cr-Re rich particle
Figure 81: 30Co3Re/CMSX-4 interdiffusion zone, the white line is the original interface
1 = , 2 = , 3 = Ti-Ta rich particle, 4 = W-Cr-Re rich particle
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6.3 Oxidation
6.3.1 Oxide Morphology
The morphologies of the oxides, which the coatings form at 1000 °C and 1050 °C, are very
similar. Therefore, only the oxides, which develop at 1000 °C after 5000 h are documented.
Micrographs of the oxide scales are presented in figure 82 to figure 84. The main oxide
constituent of the three coatings has an Al and O peak in its EDX spectrum (figure 85). Such
spectrum is typical for Al2O3. No traces of Co or Re can be found in the oxide scale.
 Bright particles that consist of Al, Y and O (figure 86) are embedded in the Al2O3
scale. Qualitatively, 30Co has more of those Y rich oxide particles than 24Co and 24Co3Re even
more than 30Co. In 24Co3Re the Y rich oxides precipitate even within the depletion layer of the
coating. The oxide-coating interface becomes wavier when Y rich oxides exist and therefore the
oxide scale adhesion is increased. It appears that Al2O3 forms in the vicinity of the Y rich oxide
particles. 24Co3Re additionally exhibits Y rich oxide particles internally, i.e., in the depletion
zone of the coating.
Occasionally particles rich in Ta and Ti can be found in the oxide-coating interface of
the three coatings (see EDX figure 87). The occurrence of such particles sustains the study of
Fox and Tatlock [32] in chapter 2.1.5.
6.3.2 Oxide Scale Growth
With increasing oxidation time the oxide scale thickness increases. The oxide scale thicknesses
of 24Co and 30Co are identical at 1000 °C and 24Co3Re exhibits the largest growth rate (figure
88). At 1050 °C, 24Co exhibits the smallest growth rate. The scale growth of 30Co accelerates
after approximately 2000 h to match that of the rapid oxidation of 24Co3Re by 5000 h (figure
89). However, considering the scatter of the data points the differences between the coatings are
small.
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Figure 82: 24Co oxide scale cross section view after 5000 h at 1000 °C
1 = Al2O3, 2 = Y-oxide
Figure 83: 30Co oxide scale cross section view after 5000 h at 1000 °C
1 = Al2O3, 2 = Y-oxide, 3 = Ti-Ta rich particle
Figure 84: 24Co3Re oxide scale cross section view after 5000 h at 1000 °C
1 = Al2O3, 2 = Y-oxide, 3 = Ti-Ta rich particle
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Figure 85: 30Co EDX spectrum of Al2O3 oxide scale
Figure 86: 30Co EDX spectrum of particles in oxide scale
Figure 87: 24Co3Re EDX spectrum of Ti-Ta rich particles in oxide-coating interface
95
1000 °C
0
1
2
3
4
5
6
7
8
0 1000 2000 3000 4000 5000
time in h
sc
al
e 
th
ic
kn
es
s 
in
 m
ic
ro
n
24Co
30Co
24Co3Re
Figure 88: Oxide scale thickness increase at 1000 °C
1050 °C
0
2
4
6
8
10
12
0 1000 2000 3000 4000 5000
time in h
sc
al
e 
th
ic
kn
es
s 
in
 m
ic
ro
n
24Co
30Co
24Co3Re
Figure 89: Oxide scale thickness increase at 1050 °C
96
6.4 Interdiffusion
6.4.1 Microstructure of the Interdiffusion Zones
The interdiffusion of the coating and substrate for 5000 h at 1000 °C and 1050 °C causes the
formation of complex diffusion layers with different type of phases. In the following sections the
microstructure will be described starting from the centre of the coating moving towards the
substrate.
24Co / CMSX-4
At 1000 °C the coating centre consists of ++`. The  and -phase are coarse and blocky
shaped particles. The `-phase exists as plates within the -phase (figure 90). In chapter 6.2 it is
shown that the ` plates in  form at lower temperature than 1000 °C. Therefore, the ` plates are
considered as particles that occur due to the slow furnace cooling. However, ` additionally has
formed as envelopes around the -phase. It should be anticipated that those envelopes are priory
reported by Taylor and Floyd [45] and can be considered to exist at 1000 °C. This subject will be
a matter of discussion.
Due to interdiffusion the -phase adjacent the coating-substrate interface recedes and a
layer of +` develops (figure 91). In figure 91 a vertical arrow indicates the coating-substrate
interface. The shape of ` is similar to the former blocky -phase. The +` layer on the substrate
side of the interface origins from the initial heat treatment of 1140 °C, 2.5 h (chapter 6.2.2),
where it consists of  with blocky . This +` layer is followed in the substrate by a layer that
shows a continuous `-phase and in this layer few  particles are embedded (`+). The interface
between the layer with the  matrix (+`) and the continuous `-phase (`+) is flat.
Figure 92 shows a micrograph with a region of the substrate interdiffusion zone after
5000 h at 1000 °C. The `+ layer is followed by a `+ layer. The light grey  particles have
chemistry in at.% of 70Cr9Re5W12Ni4Co. A couple of particles show a transition between 
(dark grey) and  (light grey) as indicated by the white arrow in the micrograph. There appears
to be a  to  transformation when the `+>`+ boundaries moves away from the coating-
substrate interface. Further into the substrate white particles that are rich in heavy elements
precipitate. The composition in at.% is 18Cr17W14Re29Ni21Co and they can be identified as
TCP-phase. Even further into the substrate network islands of  appear along with `,  and
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TCP-phase. The fraction of the cubic  network increases continuously until the "normal"
superalloy structure is achieved.
After 5000 h at 1050 °C the microstructure in the coating centre consists also of ++`.
However, the ` envelops are larger than in the 1000 °C sample (figure 93). The -phase shows
fine ` precipitates owing to the slow furnace cooling from 1050 °C.
The interdiffusion layers that form after 5000 h are presented in figure 94. A +` layer
forms at the interface. The ` fraction drops two times discontinuously within this layer. One
time the drop is within the coating side of the layer and the other drop is at the original interface.
In the substrate the +` layer is then separated by a flat boundary to a layer with continuous `
and  particles (`+). Compared to the 1000 °C sample the  fraction is higher. Occasionally this
layer shows white precipitates, which are identified to be Ta and Ti rich particles similar to the
particles origin from the substrate microstructure.
The next layer again contains W and Re rich TCP-phases embedded in `. With
increasing distance to the coating-substrate interface the  fraction in that layer increases and the
TCP-phase morphology changes from small ellipsoids to large plates. The large TCP-phase
plates have the chemical composition in at.% of 21Cr17W17Re27Ni19Co. It should be noted
that after the exposure at 1050 °C no -Cr particles could be found in the entire interdiffusion
zone.
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Figure 90: 24Co/CMSX-4: centre of the coating after 5000 h at 1000 °C, 1 = , 2 = , 3 = `
plates, 4 = ` envelopes
Figure 91: 24Co/CMSX-4: interdiffusion zone after 5000 h at 1000 °C, arrow = coating-substrate
interface
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Figure 92: 24Co/CMSX-4: interdiffusion zone in the substrate after 5000 h at 1000 °C, white
arrow shows particle with  to  transformation
1= `, 2 = , 3 = , 4 = TCP-phase, 5 = cubic  network
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Figure 93: 24Co/CMSX-4: centre of the coating after 5000 h at 1050 °C, 1 = +cooling `, 2 = ,
3 = ` plates, 4 = ` envelopes
Figure 94: 24Co/CMSX-4: interdiffusion zone after 5000 h at 1050 °C
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30Co / CMSX-4
At 1000 °C 30Co consists mainly of + in the coating centre. Within the -phase few plates of
` precipitate (figure 95). In contrast to 24Co no ` envelopes formed in 30Co. As the ` plates
highly possible do not exist at 1000 °C and precipitate during the slow cooling, the coating
centre can be considered as a two-phase + microstructure.
The -phase recedes from the coating-substrate interface and leaves a single-phase 
layer behind (figure 96). The original interface lies within this  layer. The following three layers
in the substrate consist of continuous `. The first of these layers exhibits  particles (`+), the
second layer shows  and TCP-phase (`++TCP) and the third layer contains -Cr and
TCP-phase (`++TCP). The chemistry of the -Cr and the TCP-phase is similar to the particles
found in 24Co/CMSX-4.
The main difference between 30Co and 24Co is the absence of ` envelopes in the
coating centre of 30Co and the absence of ` in the  recession layer at the coating-substrate
interface.
30Co exposed to 1050 °C for 5000 h consists of ++` in the coating centre (figure 97). Similar
to 24Co the -phase exhibits fine cooling ` and the -phase ` plates. The ` envelopes, which
form as layers between  and , are thinner in 30Co compared to 24Co.
The interdiffusion layer that forms at the original interface due to -phase recession is
+` on the coating side and single-phase  on the substrate side (figure 98). The ` in the +`
layer is located at the - grain boundaries. As these ` particles are only little larger than the
cooling `, they are difficult to distinguish. The layers further into the substrate are  and ` in
which a W and Re rich TCP-phase is embedded. There is a discontinuous change of the
TCP-phase morphology from small ellipsoids to large plates with increasing  fraction. In the
region with small TCP-phase particles the `-phase is continuous and in the region with large
TCP-phase plates the matrix consists of the +` microstructure with a morphology typically for
superalloys.
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Figure 95: 30Co/CMSX-4: centre of the coating after 5000 h at 1000 °C, 1 = +cooling `, 2 = ,
3 = ` plates
Figure 96: 30Co/CMSX-4: interdiffusion zone after 5000 h at 1000 °C
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Figure 97: 30Co/CMSX-4: centre of the coating after 5000 h at 1050 °C, 1 = +cooling `, 2 = ,
3 = ` plates, 4 = ` envelopes
Figure 98: 30Co/CMSX-4: interdiffusion zone after 5000 h at 1050 °C
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24Co3Re / CMSX-4
In the initial state (chapter 6.2.1) 24Co3Re consists of ++TCP-phase. After the annealing for
5000 h at 1000 °C the blocky shaped  and  still exist (figure 99) but the former TCP-phase
particles are missing and plates of ` precipitate in .
At the original interface a -phase recession zone forms, which consists on the coating
side of  and on the substrate side of  with few coarse ` particles (figure 100). The next
interdiffusion layer has a continuous `-phase which contains  and -Cr particles (`++). The
following layers, which are `+-Cr+TCP and +`+-Cr+TCP are similar to the microstructure
that 24Co/CMSX-4 form at 1000 °C.
5000 h at 1050 °C causes the formation of ` envelopes between  and  in the coating centre
(figure 101). Additionally the slow furnace cooling leads to the precipitation of fine cooling ` in
 and ` plates in .
The interdiffusion layer, which forms due to the -phase recession in the vicinity of the
coating-substrate interface is  with small grain boundary ` on the coating side and single-phase
 on the substrate side (figure 102), similar to 30Co and 24Co. The following TCP-phase
containing layers are again similar to 30Co, consist of `++TCP-phase and show a
discontinuous morphology change of the TCP-phase in dependence of the  fraction.
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Figure 99: 24Co3Re/CMSX-4: centre of the coating after 5000 h at 1000 °C, 1 = +cooling `, 2
= , 3 = ` plates
Figure 100: 24Co3Re/CMSX-4: interdiffusion zone after 5000 h at 1000 °C
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Figure 101: 24Co3Re/CMSX-4: centre of the coating after 5000 h at 1050 °C, 1 = +cooling `,
2 = , 3 = ` plates, 4 = ` envelopes
Figure 102: 24Co3Re/CMSX-4: interdiffusion zone after 5000 h at 1050 °C
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6.4.2 Concentration Profiles
24Co / CMSX-4
Figure 103 and figure 104 present Ni, Co concentration profiles and Cr, Al concentration profiles
after 5000 h at 1050 °C respectively. On top of the diagram short hand notations represent the
microstructure owing to interdiffusion of 24Co with CMSX-4 as described in the prior chapter.
Left in the diagram is the ++` coating centre and on the right side is the +` substrate.
At the coating-substrate interface a +` layer forms owing to the -phase recession.
The +` layer contains two discontinuous drops of the ` fraction. One drop is located in the
coating-substrate interface. In the concentration profiles of Ni and Al this coincides with a
minimum and in the Co and Cr profile with a maximum (see chapter 2.3.1 about extremes in
concentration profiles). The other ` fraction drop lies on the coating side of the interface and
was found to coincide with a discontinuity in the profile at about 200 m distance to the surface
in figure 103 and figure 104 (see chapter 2.3.2 about discontinuities in concentration profiles and
phase fractions, i.e. type 0 boundary).
The interfaces of the diffusion layers are always associated with discontinuities,
extremes or large gradients in the concentration profiles. For example the +`/`+ interface
(interface between layers with continuous  and continuous ` respectively) lies at a discontinuity
of the Ni and Al profile and at a large gradient in the Co and Cr profile. The `+/`++TCP
interface lies at a discontinuity of the Ni and Co profile and at extremes of the Cr and Al profile.
30Co / CMSX-4 and 24Co3Re / CMSX-4
The interdiffusion concentration profiles as well as the microstructures due to interdiffusion of
30Co (figure 105, figure 106) and 24Co3Re (figure 107, figure 108) are similar. Therefore the
features of the concentration profiles will be reported once in the following text.
The concentration profiles exhibit features such as discontinuities, large gradients and
extremes at the diffusion layer interfaces. The ++`/+` interface is associated with large
gradients in all profiles. Ni and Al show a negative gradient, Co and Cr a positive gradient. The
+`/ interface lies at the original interface where Ni and Al show a minimum and Co and Cr
have a maximum. The /`+ interface lies in the largest gradients of all profiles but with
reversed premises compared with the ++`/+` interface. Similar to 24Co the interface
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`+/`++TCP of 30Co is located at the discontinuities of the Ni and Co profiles and extremes
of the Cr and Al profile.
Figure 103: 24Co/CMSX-4: Ni and Co concentration profile after 5000 h at 1050 °C. The
straight lines are the effective initial compositions
Figure 104: 24Co/CMSX-4: Cr and Al concentration profile after 5000 h at 1050 °C. The
straight lines are the effective initial compositions
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Figure 105: 30Co/CMSX-4: Ni and Co concentration profile after 5000 h at 1050 °C. The
straight lines are the effective initial compositions
Figure 106: 30Co/CMSX-4: Cr and Al concentration profile after 5000 h at 1050 °C. The
straight lines are the effective initial compositions
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Figure 107: 24Co3Re/CMSX-4: Ni and Co concentration profile after 5000 h at 1050 °C. The
straight lines are the effective initial compositions
Figure 108: 24Co3Re/CMSX-4: Cr and Al concentration profile after 5000 h at 1050 °C. The
straight lines are the effective initial compositions
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Titanium
Ti is known to be detrimental to the oxidation resistance of MCrAlY coatings. Therefore, the
diffusion of this element from the substrate into the coating should be limited. Figure 109 shows
that Ti diffuses completely through the entire coatings after 5000 h and there is no significant
difference between each coating. As Ti exceeds the coating-oxide interface in all coatings, it may
reduce the oxidation resistance. However, in chapter 6.3.1 it was found that Ta in the current
coatings binds Ti as Ta-Ti rich particles.
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Figure 109: 24Co/CMSX-4: Ti concentration profile after 5000 h at 1050 °C, negative values are
coating, positive values are substrate
6.4.3 Boundary Movement
In chapter 6.4.1 the microstructures of the layers, which form due to interdiffusion are reported.
These layers are separated by boundaries. In this section the movement of three of these
boundaries will be reported. The diffusion layers that develop in the substrate are combined to
three groups, which are coined L1, L2 and L3 (table 14). The layer L1 has a  matrix and origins
from the initial state heat treatment of 1140 °C, 2.5 h (see also chapter 6.2.2). The layer L2
consists of various layers with a continuous `-phase and small ,  and TCP-phase particles. L3
exhibits first +` with a cube morphology typical for the superalloys. Along with +` L3
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contains at 1000 °C coarse  and TCP-phases and at 1050 °C large TCP-phase plates. L1, L2
and L3 are separated by the boundaries B1, B2 and B3 (table 14). The boundary B3 separates the
layer L3 from the substrate having the "normal" +` superalloy microstructure without
TCP-phase. The distance to the coating-substrate interface measures the movement of the
boundaries in dependence of the annealing time.
Figure 110 to figure 115 present the boundary movement of the three coatings at
1000 °C and 1050 °C. It can be stated that the boundary B1 does not move at 1000 °C and it
remains at the initial distance to the coating-substrate interface (table 15). At 1050 °C the layer
L1 increases in thickness, which leads to a movement of B1 away from the interface. Comparing
the results of B1 with the values of the other boundaries, B1 moves only little even at 1050 °C.
The layer with the continuous `-phase (L2) is represented by the boundary B2. B2
moves significantly away from the coating-substrate interface at 1000 °C and 1050 °C.
Considering the scatter of the measurement ( 10 %) there is almost no difference between
24Co, 30Co and 24Co3Re in movement of B2.
Boundary B3 represents the propagation of large -Cr and TCP-phases embedded in
+` (layer L3). Layer L3 appears first between 500 h and 2000 h. The propagation rate of B3 is
larger than the propagation rate of B2. 24Co shows the slowest movement of B3 (table 15).
However, the differences are small when considering the scatter of  10 %.
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Table 14: Definition of boundaries after 5000 h annealing
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coating L1 L2 L3
1000 °C
24Co +` `+`+`++TCP +`++TCP
30Co  `+`++TCP/`++TCP +`++TCP
24Co3Re +` `++`++TCP +`++TCP
1050 °C
24Co +` `+`++TCP +`+TCP
30Co  `+`++TCP +`+TCP
24Co3Re  `+`++TCP +`+TCP
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Table 15: Distances (m) of boundaries to the coating-substrate interface after 5000 h, averages
of three measurements
temperature coating B1 B2 B3
1000 °C 24Co 19 96 126
1000 °C 30Co 28 94 131
1000 °C 24Co3Re 22 83 135
1050 °C 24Co 31 142 372
1050 °C 30Co 60 163 433
1050 °C 24Co3Re 65 154 421
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Figure 110: 24Co, movement of interdiffusion boundaries in the substrate at 1000 °C
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Figure 111: 24Co, movement of interdiffusion boundaries in the substrate at 1050 °C
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Figure 112: 30Co, movement of interdiffusion boundaries in the substrate at 1000 °C
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Figure 113: 30Co, movement of interdiffusion boundaries in the substrate at 1050 °C
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Figure 114: 24Co3Re, movement of interdiffusion boundaries in the substrate at 1000 °C
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Figure 115: 24Co3Re, movement of interdiffusion boundaries in the substrate at 1050 °C
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6.5 Coating Consumption
The coatings in this study show -phase recession owing to Al loss at the oxide-coating interface
and coating-substrate interface (see also chapter 2.4). The higher the temperature and the longer
the exposure time the more grow the -phase recession layers (depletion zones). Figure 116 to
figure 121 present 24Co, 30Co and 24Co3Re after 5000 h at 1000 °C and 1050 °C. It should be
noted that 24Co3Re has the highest coating thickness.
The centre of the coatings still contains -phase, whereas the regions adjacent the
interfaces are depleted. Additionally to the remaining -phase the coatings contain `. One type
of ` are the envelops around the -phase (chapter 6.4.1). Another type of ` has a blocky
morphology similar to the -phase. Especially 24Co exhibits such blocky ` in the depletion
layers. It appears that in 24Co the Al depletion causes a transformation with the sequence
`. 30Co and 24Co3Re exhibit only little ` in the depletion zones at 1050 °C and no ` in
the depletion zones at 1000 °C. -phase recession in those coating tends to follow a direct 
transition.
The recession of the Al-reservoir phase is able to give an estimate on the coating
consumption. Both  and ` have an increased Al content compared to . Therefore both  and `
should be considered as Al reservoir. The -phase will show a higher effectiveness as Al
reservoir than `, because the Al concentration in  is higher than in `. Therefore those phases
cannot be counted the same way. In order to simplify the current evaluation only the recession of
-phase is considered in the following sections.
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Figure 116: 24Co, 1000 °C, 5000 h
Figure 117: 30Co, 1000 °C, 5000 h
Figure 118: 24Co3Re, 1000 °C, 5000 h
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Figure 119: 24Co, 1050 °C, 5000 h
Figure 120: 30Co, 1050 °C, 5000 h
Figure 121: 24Co3Re, 1050 °C, 5000 h
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6.5.1 -Phase Recession due to Oxidation and Interdiffusion
The depletion layer growth ( recession) at 1000 °C and 1050 °C is presented in figure 122 and
figure 123. The coatings show similar -phase depletion at 1000 °C. At 1050 °C 24Co shows
slightly higher -phase depletion than 30Co. 24Co3Re exhibits accelerated -phase depletion
after 2000 h.
The -phase recession due to interdiffusion is largest for 24Co at 1000 °C and 1050 °C
(figure 124 and figure 125). 30Co and 24Co3Re show nearly identical depletion at 1000 °C. At
1050 °C the diffusion retarding influence of Re becomes apparent, as 24Co3Re exhibits the least
depletion. It should be noted that the diffusion depletion layer growth at 1000 °C retards with
increasing annealing time and possibly following a parabolic law, whereas the depletion layer
growth at 1050 °C appears to accelerate.
6.5.2 -phase Recession in the Middle of the Coating
Phase fraction analysis reveals that up to 2000 h, the -phase fraction remains approximately
constant (figure 126 and figure 127). The 5000 h samples exhibit a significantly reduced -phase
fraction. 24Co exhibits the lowest -phase content at 1000 and 1050 °C. 30Co and 24Co3Re
show similar numbers to each other. Considering the measurement error of  2 area% and the
scatter of the data points, the differences between the coatings, especially at 1050 °C, is low.
Table 16: Average -phase recession after 5000 h: oxidation and diffusion depletion layer
thickness in m, coating centre -phase fraction in area%
temperature coating oxidation depletion diffusion depletion  fraction
1000 °C 24Co 13 26 45
1000 °C 30Co 13 7 51
1000 °C 24Co3Re 14 8 50
1050 °C 24Co 19 80 37
1050 °C 30Co 15 38 42
1050 °C 24Co3Re 30 22 40
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Figure 124: Diffusion depletion layer growth at 1000 °C
1050 °C
0
20
40
60
80
100
0 1000 2000 3000 4000 5000
time in h
be
ta
 p
ha
se
 re
ce
ss
io
n 
in
 m
ic
ro
n
24Co
24Co3Re
30Co
Figure 125: Diffusion depletion layer growth at 1050 °C
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Figure 126: -phase fraction in the coating middle at 1000 °C
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Figure 127: -phase fraction in the coating middle at 1050 °C
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6.5.3 Total Coating Consumption
-Phase Recession
To obtain the complete coating consumption (xtotal) the aforesaid three terms of depletion must
be combined. The depletion layers due to oxidation (x1) and interdiffusion (x2) can be simply
added. For the implementation of the -phase recession in the coating centre a different approach
is necessary. One possibility is the calculation of a "third virtual" depletion layer (x3), which
represents the depletion in the coating centre and can be added to comprise the total -phase
recession:
xtotal = x1+x2+x3 (30)
Figure 128a presents the dimensions of a coating with the thickness x, which is depleted by
oxidation (x1) and interdiffusion (x2). The centre layer of the coating (xc) exhibits a reduced -
phase fraction compared to the initial value. In figure 128b the virtual depletion layer x3 is
included, which reduces the centre layer thickness to xc`. According to the dimensions in figure
128b the thickness of x3 can be calculated as follows:
x3 = x-x1-x2-xc` (31)
The virtual centre layer (xc`) will be assumed to show the initially high -phase fraction. The
dimension of xc` can be calculated with a rule of three, which relates xc to the initial -phase
fraction and xc` to the -phase fraction after oxidation (Vox):
ini
ox
V
xcVxc  (32)
Implementing equation 32 in equation 31 gives the value of x3, which must be added to the total
-phase recession in equation 30:
ini
ox
V
xcV2x1xx3x  (33)
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a) b)
Figure 128: -phase recession in the coating due to oxidation and interdiffusion
a) Real condition of the coating after oxidation:
x = coating thickness, x1 = oxidation depletion layer, x2 = diffusion depletion layer, xc = centre
layer with reduced -phase fraction Vox
b) Virtual condition of the coating after oxidation:
x = coating thickness, x1 = oxidation depletion layer, x2 = diffusion depletion layer,  x3 = virtual
depletion layer, xc` = virtual centre layer with initial -phase fraction Vini
The afore said calculation is performed for the coatings after 5000 h annealing using the
consumption data of table 16 and the initial phase fractions in table 13. For the purpose of
comparison the same coating thickness of 200 m is assumed for the three coatings. In real the
coatings have different coating thicknesses. However, for the current coating conditions after
5000 h annealing it appears that the depletion zones of oxidation and interdiffusion are still well
separated. Table 17 presents the calculated total -phase recession. The calculation of the error is
given in the end of this section.
Table 17: Total -phase recession after 5000 h expressed as virtual depletion layer thickness
according to equation 30
temperature coating xtotal in m
1000 °C 24Co 49  11
1000 °C 30Co 36  9
1000 °C 24Co3Re 49  9
1050 °C 24Co 122  17
1050 °C 30Co 90  12
1050 °C 24Co3Re 100  12
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At 1000 °C 24Co and 24Co3Re show identical consumption and 30Co has a lower consumption.
However, due to the error the values of the three coatings can overlap. Therefore it is reasonable
to state that the -phase recession is similar at 1000 °C. At 1050 °C 30Co shows the lowest
consumption and 24Co the highest consumption. Considering the error, 24Co and 24Co3Re
overlap and 30Co and 24Co3Re overlap. Therefore, it becomes difficult to make a clear
difference between the coatings.
The error given in table 17 is calculated from the error of  10 % for oxidation depletion layer
thickness,  10 % for diffusion depletion thickness and  2 area% for -phase fraction
measurement. In order to compare the coatings these three error terms must be added to
comprise one number. To obtain one number for each coating, the error given in area% must be
recalculated to an error equal to layer thickness. This is done by a simple rule of three in which
Vox in area% is related to xc in m and 2 area% is related to the error in m. As each coating
shows a different -phase fraction and a number for xc the errors are different. However, the
differences are found to be small and therefore the same error can be assumed for each coating:
2 area% equal approximately 7 m layer thickness. The  7 m error of -phase recession has
been added to the errors for oxidation and depletion layer thickness and represent the numbers
given in table 17.
Al Depletion
As no clear difference could be pointed out between the coatings by -phase recession the loss of
Al at 1050 °C is calculated from the concentration profiles shown in chapter 6.4.2. The approach
will be explained using the coating 24Co as an example:
1. The areas beneath the Al profiles in initial state and after oxidation (figure 129) are
measured with image analysis, which results in numbers of pixels: initial state = 35987
pixel, after oxidation = 30420 pixel
2. 24Co has an initial Al concentration of 21.2 at.% and a coating thickness of 220 m,
which makes multiplied 4671 at.%m.
3. 35987 pixel of the initial state refer to 4761 at.%m. Applying a rule of three on
30420 pixel results in 4033 at.%m after oxidation.
4. Dividing 4033 at.%m with 220 m gives the average Al concentration of 18.3 at.%
in the coating 24Co after oxidation
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This calculation is applied on the three coatings after 5000 h oxidation at 1050 °C. Table 18
gives all results. From those numbers it follows that 24Co has lost most Al of the coatings. 30Co
and 24Co3Re are similar, although 30Co tends to show the least consumption. This result
supports the findings of the -phase recession reported before.
Table 18: Al consumption after 5000 h at 1050 °C
coating initial Al in at.% oxidized Al in at.% lost Al in at.%
24Co 21.2 18.3 2.8
30Co 21.6 19.3 2.3
24Co3Re 22.0 19.6 2.4
Figure 129: Areas of Al profiles given in at.% before (left) and after oxidation (right)
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6.6 Coefficient of Thermal Expansion
24Co, 24Co3Re and 30Co exhibit a higher CTE than the substrate and they are relatively close to
each other (figure 130). Table 19 gives the coefficients at 1100 °C for the coatings and the
CMSX-4 substrate. The addition of 3 wt.% Re leads to a slight decrease of the CTE in the
measured temperature range. The increase of the Co content to 30 wt.% has no influence up to
approximately 870 °C. Above that temperature 30Co has a slightly lower CTE than 24Co. The
measurements of the coefficient of thermal expansion were perfomred with the frame of work of
reference [85].
Table 19: Coefficients of thermal expansion in 10-6 K-1, at 1100 °C
temperature CMSX-4 24Co 24Co3Re 30Co
1100 °C 16.7 19.4 19.1 19.1
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Figure 130: Coefficients of thermal expansion [85]
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6.7 Thermal Fatigue
Thermal fatigue testing of the turbine blades causes a crack network in the airfoil pressure side.
Figure 131 shows exemplarily the airfoil of the blade coated with 30Co3Re after 5, 50 and 100
cycles. The cracks are bright due to the fluorescent colour in the ultraviolet light. With increasing
number of cycles the crack network propagates over the airfoil. Figure 132 and figure 133 show
the airfoils of the gas turbine blades with six different coatings (table 7) after 100 cycles thermal
fatigue testing.
Figure 131: Airfoil pressure side of thermal fatigue tested turbine blade coated with 30Co3Re
after 5, 50 and 100 cycles (from left to right)
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Crack initiation is defined as the occurrence of the first crack visible by FPI testing. It is not
possible to obtain the crack initiation time accurately, because the periods between component
inspections are long. Furthermore, it cannot be excluded that further cracks initiate with ongoing
thermal fatigue testing as long as the crack network propagates. The periods in which the first
cracks are found are given in table 20. The Re free coatings 24Co and 30Co do not show cracks
up to 5 cycles. For both coatingsn time to crack initiation lies between 6 and 50 cycles. In the
1.5 % Re-coatings the higher Co content increases the time to crack initiation. The coatings,
which are alloyed with 3 % Re exhibit a similar short time to crack initiation between 1 and 5
cycles.
Table 20: Cycles to crack initiation due to thermal fatigue
24 Co 30 Co
0 Re 6 - 50 6 - 50
1.5 Re 1 - 5 6 - 50
3 Re 1 - 5 1 - 5
A quantitative analysis of the FPI images of the airfoils after 5, 50 and 100 cycles by image
analysis reveals that the total length of the crack network increases more rapid with increasing
Re content (figure 134 and figure 135). Increasing the Co content leads to a slightly faster crack
propagation but the influence is not as strong as that of Re.
SEM examination of the coating surface of the airfoil pressure side after 400 cycle
thermal fatigue shows that 30Co has a more rumpled surface than 24Co3Re (figure 136 to figure
139). The cracks in the 30Co coating propagate along the intrusions of the rumpled surface,
which leads to a crack network with a high crack density. The cracks in 24Co3Re are straight
and lead to the formation of a network with a low crack density.
Before thermal fatigue testing all blades were shot peened to remove the surface
roughness owing to the spraying process. For the purpose of comparison, the coating surface of
the airfoil suction side, which was not exposed to thermal shock, is examined too. This gives an
impression of the surface condition prior to fatigue testing. 30Co has a very smooth surface
(figure 140) and 24Co3Re exhibits a surface with dimples (figure 141). Figure 141 and figure
142 show the same region with optical microscope images of the metallographic cross section. It
appears that the shot peening did not completely remove the unevenness of 24Co3Re.
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Figure 134: Crack network length in the airfoil of 24 % Co coatings
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Figure 135: Crack network length in the airfoil of 30 % Co coatings
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Figure 136: 30Co surface of the pressure side airfoil after 400 cycles thermal shock
Figure 137: 30Co surface detail of figure 136
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Figure 138: 24Co3Re surface of the pressure side airfoil after 400 cycles thermal shock
Figure 139: 24Co3Re surface detail of figure 138
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Figure 140: 30Co surface of the suction side airfoil with no thermal shock exposure
Figure 141: 24Co3Re surface of the suction side airfoil with no thermal shock exposure
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Figure 142: 30Co coating on airfoil suction side
Figure 143: 24Co3Re coating on airfoil suction side
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Micrographs of thermally shocked airfoil regions are shown in figure 144 to figure 147. 30Co is
adherent to the substrate and exhibits a rumpled surface with a high crack density. 24Co3Re has
a lower crack density and the cracks propagate in the coating-substrate interface, which causes
coating spallation.
After thermal fatigue the microstructure of 30Co consists of ,  and a Y-Si rich phase
(figure 148) and the microstructure of 24Co3Re consists of ,  and TCP-phase precipitates
(figure 149). 30Co has a relatively coarse structure compared to 24Co3Re. Furthermore, the 
and  particles of 30Co are more rounded and appear to form a texture parallel to the coating
surface. The fact that 30Co shows more surface rumpling and a more degraded microstructure
suggests that this coating is more plastically deformed as 24Co3Re.
Thermal fatigue testing was performed with a kerosene burner. The combustion
produces a hot gas, which oxidises the coatings. Both 30Co and 24Co3Re exhibit a -phase
depletion layer of approximately 10 m thickness (figure 150 and figure 151). Y-oxide particles
in the depletion layer like in chapter 6.3 cannot be found after thermal fatigue testing.
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Figure 145: 24C
o3R
e cross-section at half airfoil height, part of the region w
ith the m
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al shock exposure (400 cycles)
Figure 144: 30C
o cross-section at half airfoil height, part of the region w
ith the m
ost severe therm
al shock exposure (400 cycles)
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Figure 147: 24C
o3R
e cross-section through the airfoil pressure side coating surface after therm
al shock, detail of figure 145
Figure 146: 30C
o cross-section through the airfoil pressure side coating surface after therm
al shock, detail of figure 144
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Figure 148: 30Co: microstructure of the coating in the airfoil pressure side after 400 cycles
thermal shock: light grey = , dark grey = , white = Y-Si rich phase, average  fraction = 59 %
Figure 149: 24Co3Re: microstructure of the coating in the airfoil pressure side after 400 cycles
thermal shock: light grey = , dark grey = , white = TCP (35Cr12Re25Ni28Co in at.%), average
fractions  = 61 %, TCP = 0.4 %
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Figure 150: 30Co: Coating surface in airfoil pressure side after 400 cycles thermal fatigue
Figure 151: 24Co3Re: Coating surface in airfoil pressure side after 400 cycles thermal fatigue
143
6.8 Engine Test
6.8.1 Crack Examination
The turbine blades are examined after 1315 hours operation in a 165 MW industrial gas turbine.
This engine test was performed in the course of a coating rainbow test. Figure 152 and figure
153 show the 30Co coated and 24Co3Re coated blades after the engine run. No coating
spallation or other obvious damage exists.
The penetration testing for cracks revealed that 30Co had cracked at the platform on the
suction side of the airfoil (figure 154). The cracks start at the platform edge and cooling holes. In
contrast, 24Co3Re exhibits extensive cracking. The long, straight cracks advance from the
platform into the airfoil on the suction side and pressure side (figure 155).
The cracks in the platform and the airfoil of the blades are metallographically examined
by a section perpendicular to the crack plane. The cracks in the platform of 30Co and 24Co3Re
have the same appearance (figure 156 to figure 161) and exhibit the following three main
features: They are irregular in morphology, propagate intercrystalline in the coating and advance
into the substrate at carbides. The cracks in 24Co3Re, which propagate in the airfoil, are less
irregular than (figure 162) and the crack surface exhibits some oxidation (figure 163). The crack
propagates spear-like into the substrate and the crack tip shows oxidation (figure 164). The
occurrence of oxidation in the cracks of the airfoil suggests that the airfoil has a higher
temperature than the platform where the cracks are not oxidized.
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Figure 152: 30Co: Pressure side (left) and suction side (right) view of the blade after engine run
Figure 153: 24Co3Re: Pressure side (left) and suction side (right) view of the blade after engine
run
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Figure 154: 30Co: platform suction side, crack indications after penetration testing
Figure 155: 24Co3Re: pressure side (left) and suction side (right), crack indications after
penetration testing
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Figure 156: 30Co: crack in the platform (light microscopic image)
Figure 157: 30Co: detail of figure 156: crack in the coating (electron microscopic image)
Figure 158: 30Co: detail of figure 156: crack tip propagating into the substrate at a carbide (light
microscopic image)
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Figure 159: 24Co3Re: crack in the platform (light microscopic image)
Figure 160: 24Co3Re: detail of figure 159: crack in the coating (electron microscopic image)
Figure 161: 24Co3Re: detail of figure 159: crack tip propagating into the substrate at a carbide
(light microscopic image)
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Figure 162: 24Co3Re: crack in the airfoil (light microscopic image)
Figure 163: 24Co3Re: detail of figure 162: crack in the coating (electron microscopic image)
Figure 164: 24Co3Re: detail of figure 162: crack tip propagating into the substrate (light
microscopic image)
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6.8.2 Coating Oxidation
A region in the airfoil, which exhibits high temperatures, is evaluated for oxidation depletion of
the coatings. Within the examined region a temperature gradient exist owing to non uniform
cooling of the turbine blade. For five equidistant locations in that region the temperatures are
estimated. The metallographic samples are in the same location for both blades. The
temperatures, which the blades have seen locally during engine operation, are estimated from the
-` degradation (chapter 5.6). The temperature of the blade coated with 30Co lies locally
between 925 °C and 1100 °C (table 21) and the temperature of the blade coated with 24Co3Re
shows temperatzres in the range of 900 °C - 1075 °C. The blade which is coated with 30Co is
locally 25 °C to 50 °C hotter than the blade which is coated with 24Co3Re (table 21). The
difference between the bades is not high and lies within the error of the estimation with ± 25 °C.
Figure 165 shows 30Co in the 1100 °C location and figure 166 shows 24Co3Re in the
1075 °C location. Both coatings are intact and are only slightly consumed. In locations with
higher temperatures than 1000 °C 24Co3Re exhibits more depletion than 30Co (figure 167).
However, when considering the accuracy of the temperature estimation of ± 25 °C and the
scatter of the measurement itself, both coatings exhibit a similar -phase recession.
Table 21: Temperatures (± 25 °C) in a region with the largest temperatures
location 30Co 24Co3Re
1 925 900
2 950 925
3 975 925
4 1050 1000
5 1100 1075
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Figure 165: 30Co: coating in the hottest region with approximately 1100 °C
Figure 166: 24Co3Re: coating in the hottest region with approximately 1075 °C
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Figure 167: Oxidation depletion of the coatings in the hot region (-phase recession)
7 Discussion
7.1 Influence of Co and Re on the Microstructure
Formation of ,  and `
According to current publications, Co increases the Al solubility in the -phase and therefore
reduces the fraction of ` [48]. In the phase diagram this would be accompanied with an
expansion of the  field towards higher Al concentrations.
In this study it is found that increasing additions of Co to NiCoCrAlY coatings reduce
the formation of ` and also lead to an increased  and  fraction. The increased  and  fraction
can be explained by the expansion of the + field towards lower temperatures. The extension of
the single-phase  and  fields is not significantly influenced by Co additions in comparison to
the ternary NiCrAl system. The influence of Co on phase chemistry is restricted to an increased
Co/Ni ratio, which can be expected as Co substitutes for Ni. Co has no influence on the Al or Cr
152
concentration of the - and -phase. The effect of Co increasing the Al solubility in  can be
excluded.
Extended high temperature exposure leads to -phase recession in the coatings owing to
Al loss at the oxide-coating interface and coating-substrate interface. The effect of Co to reduce
the ` fraction is noticeable by the microstructure formation owing to coating depletion. The
coating with the low Co content (24 wt.%) depletes according to the scheme  , while
the coating with the higher Co content (30 wt.%) deplete with the scheme  .
For the influence of Re on ` no information is available so far. Concerning the influence of Re
on the NiCrAl system, Phillips and Gleeson [38] stated that Re additions to binary - alloys
decrease the Cr solubility and increase the Ni solubility in , which is accompanied with a shift
of the -phase field in the ternary NiCrAl system (chapter 2.2.4).
Experimentally it is shown in this study that additions of Re to NiCoCrAlY coatings
reduce the formation of ` and increase the  and  fraction. The reduction in ` phase can also be
seen by the change in microstructure formation owing to coating depletion from   to
 . The shift of the + equilibrium line to higher Ni concentrations as proposed by
Phillips and Gleeson could be found in the modelling of this study as well (compare figure 20
with figure 54). However, the suggested shift of the `+ equilibrium to smaller Al
concentrations cannot be supported with the current modelling. For the influence of Re on phase
chemistry it is seen that Re is solved only in the -phase and not in the -phase. Furthermore the
-phase shows higher Co/Ni and Cr/Al ratios when alloying with Re. A possible reason for the
increased Co/Ni ratio might be the size difference between Re, Co and Ni atoms. The Re atom is
very large and causes a compressive elastic strain in the Ni lattice of the  phase. Co has a
slightly smaller radius than Ni. Substituting Co for Ni can compensate the strain owing to Re
additions.
Formation of -Cr and TCP-phases
First of all the terms -Cr and TCP-phase used in this study will be explained: In the ternary
NiCrAl system Taylor and Floyd [45] report the existence of -Cr (chapter 2.2.2). In accordance
with this the Cr rich phase, which occurs in the modelled diagrams (chapter 6.1) was simply
called "", although the chemical composition obtained by modelling does not allow a precise
distinction between  and TCP-phase. The Cr rich phase that precipitates in the experimental
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coatings shows the chemical composition of TCP-phase. Thus the precipitates in the
experimental alloys are coined TCP-phase.
The formation of TCP phase is an important issue of phase stability in -` Ni-base
superalloys as this phase harms the mechanical properties of the material. In superalloys the
formation of TCP-phases is enhanced by segregation of elements that promote TCP-phase
formation like refractory elements [6]. For MCrAlY coating this subject is so far barely
discussed.
In general it is accepted that Co in superalloys reduces the phase stability, which promotes the
formation of TCP-phases. In contrast for MCrAlY coatings Co is said to reduce the fraction of
-Cr and TCP-phases owing to an increased Cr solubility in the -phase [4]. The subject of
segregation is not important for MCrAlY coatings, as they show a high degree of homogeneity
owing to the fast solidification during plasma spraying. The explanation for the positive effect of
Co in MCrAlY coatings can be explained by the influence of Co on the Ni-Cr-Al system.
Concerning the influence of Co on the Cr solubility in , thermodynamic modelling and
analytical measurements of the coatings show that the Cr concentration of the -phase is
unaffected within the current applied Co range of 24 - 30 wt.%. The reduced -Cr fraction due to
Co can be explained with the former mentioned expansion of the + field: Modelling revealed
that the -Cr solvus is shifted to lower temperatures and higher Cr concentrations. Furthermore,
an increased Co content decreases the Cr activity. However, in the current experimental
NiCoCrAlY coatings, Co varying between 24 and 30 wt.% had no significant effect on the
fraction of the TCP-phases.
In superalloy Re is well known to promote the formation of TCP-phase. Unlike the effect of Co,
Re shows this negative influence in MCrAlY coatings too. Experimental studies on MCrAlY
coatings showed that Re increases the -Cr and TCP-phase fraction, which was related to an
increased Cr activity [37]. Phillips and Gleeson [38] found that additions of Re to binary -
alloys promotes the formation of -Cr. This was explained with a decreasing Cr solubility and
increasing Ni solubility in .
In the current study Re promotes the formation of TCP-phases in the experimental
coatings. This effect can be explained with the expansion of the + and ++ fields shown in
the modelled NiCoCrAl systems. This is accompanied with a shift of the -Cr solvus to higher
temperatures and lower Cr concentrations. The statement that Re increases the Cr activity [37]
can be confirmed with the thermodynamic modelling in this study. A decrease in Cr solubility in
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-phase due to Re [38] cannot be confirmed in this study. However, it should be noted that the
alloys investigated by Phillips and Gleeson are binary - alloys without -phase.
Microstructure Formation due to Coating-Substrate Interdiffusion
To discuss the microstructure formation owing to coating-substrate interdiffusion it is
appropriate to plot diffusion paths in the phase diagrams of the current alloys. For that purpose
the Al and Cr data obtained from the concentration profiles in chapter 6.4.2 are plotted in the
1050 °C isothermal sections of the quasi-ternary diagrams NiCrAl+24Co and NiCrAl+30Co
(figure 168 and figure 169).
Other elements, which are added to the phase diagram calculation, are Si and Ta,
because these are alloyed to the experimental coatings. Unfortunately the concentration cannot
be given in this study. It should be mentioned that the Co additions are constant through the
entire diagrams. However, Co changes from the initial values substantially owing to
interdiffusion. This means that at any position of the diffusion path a different Co concentration
exists, which of course changes the phase diagram at the same time. Discussing the diffusion
path this fact should be kept in mind. The Re alloyed coating 24Co3Re shows at 1050 °C a
similar interdiffusion microstructure to 30Co and should therefore not be discussed in detail
here.
The diffusion paths in figure 168 and figure 169 represent the concentration profiles between the
coating centre and the substrate. Both 24Co and 30Co show a Cr concentration in the coating
centre lower than the coating initially had. This means that the infinite boundary condition
(chapter 2.3.2) is not maintained anymore after 5000 h at 1050 °C and the position of the
equilibrium lines depends on time. Following the diffusion paths should be briefly described
starting in the coating centre.
The diffusion path of 24Co (figure 168) starts in the three-phase +`+ field where it moves
down, i.e. the Al concentration decreases. According to Gibb`s phase rule applied on ternary
systems, pointed out in chapter 2.3.2, the concentration in a three-phase region cannot vary and
the three-phase equilibrium is limited to a planar interface. However, for the current system it
should be noted that at least four and not three elements partition activ on microstructure
development, which increases the degree of freedom. After the diffusion path has crossed the
+`++` line it moves sharply to higher Cr concentrations, which represents a large Cr
concentration gradient. The path moves in the +` field towards the +` line to form a tip,
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which represents the Cr maximum in the concentration profile and coincides with the original
coating-substrate interface. Then the path returns to lower Cr concentration to match
approximately with the initial substrate composition. The short hand notations below summarise
the microstructures due to interdiffusion obtained by the diffusion path and found in by
microscopy in the sample. The line "//" represents the coating-substrate interface. With the
exception of the TCP-phase there is a good agreement between both microstructures.
according to diffusion path +`+ / +` // +`
according to microscopy +`+ / +` // +` / +`+TCP
It should be mentioned that the Co content in the +`+ region (coating centre) is in reality
approximately 20 wt.% instead of 24 wt.%, because of Co loss owing to interdiffusion.
Consequently the equilibrium line for ` formation should lie at higher Cr concentrations than
presented in figure 168. However, the difference between 20 wt.% and 24 wt.% Co makes no
difference for the current qualitative consideration. The coating-substrate interface is represented
in the diffusion path by a tip, which stops near the +` line. At the coating substrate interface
the Co content is approximately 23 wt.%, i.e. close to the value in the phase diagram. Thus the
microstructure in the coating-substrate interface can be well described. TCP-phase was found in
the coating-substrate interdiffusion zone but cannot be found along the diffusion path. The
chemical composition of the substrate is very complex and cannot be represented by the current
diagram.
The diffusion path of 30Co is shown in figure 169. It starts in the two-phase + field
representing a region with a + microstructure. The diffusion path crosses the +`+ field on
the way to the +` field. Crossing this three-phase field represents an interface where three
phases are in equilibrium. In the current case this is the interface +/+`. The path moves for a
short sequence into the  field. Similar to 24Co moving across the +` line coincides with
the original coating-substrate interface. Returning into the +` field the path moves parallel to
the equilibrium line +`+`+. In the end the path makes a bow to approach the composition
of the substrate.
according to diffusion path + / +` //  / +`
according to microscopy +`+ / +` //  / +` / +`+TCP
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Figure 168: Quasi-ternary phase diagram of NiCrAl+24Co+Si+Ta isothermal section at 1050 °C
C = position of coating, S = position of substrate, arrow = position of coating-substrate interface,
black dots = diffusion path after 5000 h, grey dots = initial compositions
Figure 169: Quasi-ternary phase diagram of NiCrAl+30Co+Si+Ta isothermal section at 1050 °C
C = position of coating, S = position of substrate, arrow = position of coating-substrate interface,
black dots = diffusion path after 5000 h, grey dots = initial compositions
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In the coating centre a + structure is suggested by the diffusion path in the NiCrAl+30Co
diagram. In reality the coating centre exhibits additionally `. However, the diagram is limited to
a constant Co addition of 30 wt.%, but the coating has only approximately 24 wt.% in its centre.
Comparing with the phase diagram in figure 168 a low Co content like 24 wt.% results in a
+`+ structure. Therefore the difference between the real found structure and the diffusion path
structure can be explained by the difference in Co. At the coating-substrate interface the Co
content is approximately 29 wt.% and the locally existing  region is well found with the
diffusion path. Towards the substrate the diffusion path cannot represent the appearance of the
TCP-phase.
Finally it can be summarised that both Co and Re expand the + field in the phase diagram,
which is accompanied with a reduced formation of ` and an increased  and  fraction. This
effect influences the microstructure in the initial state as well the microstructure formation owing
to interdiffusion and represents a new result in the current state of the art.
Concerning the application of diffusion paths obtained from coating-substrate couples
three problems evolve: First of all coatings with the currently applied thickness between 200 and
400 m do not fulfill the requirements of infinite boundary conditions. Therefore the diffusion
path becomes time dependant. An investigation of coating-substrate couples with identical
coating thicknesses and different periods of annealing time would be necessary to get a better
insight in the influence of the alloying elements. Secondly, with ongoing interdiffusion not only
Cr and Al change along a diffusion path but also Co. In the current phase diagrams the Co
content is constant throughout the entire system. Effectively a three-dimensional phase diagram
with an additional Co-axis is required to plot an appropriate diffusion path. The third problem is
the complex chemistry of the superalloy substrate. The interdiffusion zones exhibit TCP-phase,
which is not apparent by plotting diffusion paths in the modelled systems. Especially refractory
elements of the superalloy promote TCP-phase formation. Since those problems are difficult to
solve on experimental basis, the application of computer modelling, which combines
thermodynamic and kinetic approaches can provide a better understanding for the influence of
alloying elements on coating-substrate interdiffusion.
7.2 Influence of Co and Re on Oxidation
Increasing the Co content in the NiCoCrAlY coating from 24 to 30 wt.% has no effect on the
1000 °C isothermal oxidation, but increases the scale growth rate slightly at 1050 °C. The slight
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increase in scale growth rate is in accordance with the literature [4]. The alumina scale of the
NiCoCrAlY coatings does not contain Co and therefore a direct influence of Co on the Al2O3
formation can be excluded. The fraction of Y rich oxides in the scale and in the scale-coating
interface is enhanced with increasing Co content, which improves scale adhesion. Since a direct
influence of Co on the growth rate of Al2O3 can be excluded, an indirect influence due to the
enhanced formation of Y-oxides is possible and will be further discussed in the end of this
section.
The addition of 3 wt.% Re to the NiCoCrAlY coating leads to an increased oxide growth rate in
isothermal oxidation at 1000 °C and 1050 °C. Furthermore, alloying with Re causes extensive
formation of Y rich oxides in the Al2O3 scale and internal oxidation of Y. Since no Re could be
found in the oxide scale, Re may indirectly affect the oxidation of the coating in a similar way to
Co.
Generally, Y in an amount, which is typical for MCrAlY coatings (0.3 - 0.6 wt.%, see chapter 3),
has no influence on the oxidation rate of Al2O3 [25]. The coatings of this study have Y contents
in that range. Y contents as high as 1 wt.%, however, can increase the rate constant and larger
additions cause internal oxidation of Y [4]. Both effects can be observed with increasing Co
content and even more in the Re alloyed coating. In consideration of these observations, Re and
Co may raise the activity of Y so that the Al2O3 growth is enhanced and the fraction of Y-oxides
is increased. Unfortunately Y is not implemented in the data bank of Thermo-Calc, so that it is
not possible to check this statement by modelling.
7.3 Influence of Co and Re on Coating Consumption
The consumption of a coating is determined by the Al loss due to oxidation and interdiffusion. In
the coating microstructure the loss of Al is represented by the recession of the Al reservoir phase.
In this study the -phase is regarded as Al reservoir and ` is neglected.
The progress of the depletion layer at the oxide-coating interface depends on the Al loss owing
to oxide formation. The progress of the depletion layer at the coating-substrate interface depends
on the loss of Al by diffusion into the substrate. Therefore it should be understood that the
thickness of the oxidation depletion layer can be different to the thickness of the interdiffuiosn
depletion layer.
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In the current experiments at 1000 °C and 1050 °C the interdiffusion depletion layer is
always thicker than the oxidation depletion layer. This means that at such high temperatures the
loss of Al by diffusion is greater than the by oxidation. Consequently the slowest process
concerning loss of Al by oxidation is the formation of the oxide rather than the diffusion of Al in
the coating.
The total -phase recession is evaluated by the growth of the depletion layers plus the
dissolution of the -phase in the coating centre. Additionally the loss of Al obtained by
microprobe was measured and resulted in the same ranking of the coatings in this study:
1000 °C: 30Co24Co3Re=24Co
1050 °C: 30Co24Co3Re24Co
Increasing the Co content from 24 wt.% to 30 wt.% reduces the coating consumption evaluated
by -phase recession and by Al loss. This effect is more pronounced at 1050 °C than at 1000 °C.
Thermodynamic modelling shows that the enhanced Co content increases the activity of
Al in the coating. This could explain the reduced coating consumption, because less -phase
dissolves. As mentioned in chapter 7.1 an increased Co content reduces the formation of `, i.e.
promote the formation of . Therefore 30Co exhibits  particles in the depletion zone where
24Co has `.
For the influence of Re Czech et.al. [36] found that Re reduces the -phase depletion owing to an
increased Al activity, which improves oxide formation (chapter 2.4).
A slight reduction of coating consumption due to Re addition can be found in the
current coatings, but only at 1050 °C. An increase in Al activity due to Re additional can be
supported with the current modelling. However, the experimentally shown slight reduction in -
phase recession at 1050 °C is not due to improved oxidation but owes to reduced Al loss by
interdiffusion.
Re even causes the largest oxidation induced -phase depletion at 1050 °C. In the
depletion zone of 24Co3Re Y-oxide particles are apparent, which are often surrounded with Al-
oxide envelops. The Re free coatings do not show such internal oxidation. Thus it appears that
there is a close relationship between internal oxidation of Y, internal oxidation of Al and the
extend of the -phase depletion zone. Unfortunately this effect cannot be investigated in detail in
this study.
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The Re alloyed coating (24Co3Re) has less depletion due to interdiffusion than 30Co.
The diffusion retarding effect of Re seems to be remarkable at temperatures larger than 1000 °C.
7.4 Influence of Co and Re on Thermal Fatigue
Evolution of Thermal Strains and Stresses
Stresses in the coatings occur during heating and cooling because the substrate hinders the
coating in expansion and contraction. The value of these stresses can be calculated with equation
23 (chapter 2.5.1), which is also presented below.
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The coefficients of thermal expansion for 1100 °C, which is the maximum temperature in the
thermal fatigue test of this study are given in table 19 as follows:
 s = 16.710-6 K-1
 c(24Co) = 19.410-6 K-1
 c(24Co3Re) = 19.110-6 K-1
 c(30Co) = 19.110-6 K-1
The modulus of elasticity can be estimated with the method of Reuss (equation 20) based on the
phase fractions in the coatings (table 13) and the modulus of elasticity of the individual phase
(table 3):
ER(24Co) = 204 GPa
ER(24Co3Re) = 203 GPa
ER(30Co) = 203 GPa
In the current thermal fatigue test the temperature difference T is approximately 1080 K. Using
a Poisson ratio c of 0.3 and assuming a not curved coating-substrate geometry (equation 23) one
gets an approximation for the elastic thermal stresses in the coatings:
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c(24Co) = 850 MPa
c(24Co3Re) = 750 MPa
c(30Co) = 750 MPa
The coating 24Co3Re and 30Co, which were investigated after thermal fatigue testing in detail in
this study develop the same thermal stresses. However, these still show a different behaviour in
thermal fatigue: The Re free coating deforms more and crack less than the Re alloyed coating.
Metallographic examination reveals that 30Co exhibits significantly more plastic
deformation than 24Co3Re, which is visible by surface rumpling and microstructure degradation.
Therefore it can be expected that the thermally induced elastic strain relaxes completely by creep
during the dwell period at 1100 °C. The Re alloyed coating did no show such significant
deformation. It can be concluded that a large portion of the compressive elastic strain remains
after the dwell period.
The smaller relaxation of the Re alloyed coating is a sign of a higher creep resistance. In the
microstructure TCP-phase particles can be found at grain boundaries, which reduce grain
boundary gliding. However, as the thermodynamic modelling shows, the solvus of the TCP-
phases in the experimental coatings is approximately 900 °C. Thus the TCP-phase may dissolve
at maximum temperature of the dwell period (1100 °C). On the other hand it has to be noted that
the dwell period duration is only 190 s, which may not be sufficient to dissolve all TCP-phase.
Another explanation for the increased creep resistance of the Re alloyed coating can be
found in the chemistry of the -phase: In Re alloyed coatings the -phase solves substantial
amounts of Re and the Cr content is increased. Both elements, Re and Cr, are solid solution
hardening elements for the -phase. Especially the slow diffusing Re will then increase the creep
resistance of . Additionally alloying with Re increases the concentration of Co in , which will
increase the creep resistance by reducing the stacking fault energy (chapter 2.5.3).
The coating relaxation at maximum temperature has a significant effect on the value of tensile
strain and stress during cooling. A coating, which relaxes during dwell period, develops a greater
tensile strain and tensile stress during cooling than a coating, which shows no relaxation.
From the aforesaid considerations the stress and strain evolution in the coatings is
estimated qualitatively. This evolution is presented in figure 170 where schematic diagrams are
shown, which represents the temperature cycle and the accompanied development of stresses and
strains. The indication "A" represents the region of heating, "B" stands for the dwell period at
maximum temperature and "C" is the region of cooling. The black lines represent the coating
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30Co and the grey lines represent the coating 24Co3Re. It is assumed that the coatings are free
of stresses in the beginning of testing.
Figure 170: Qualitative stress and strain versus cycles due to thermal fatigue
black line = 30Co showing complete relaxation in first cycle
grey line = 24Co3Re showing partial relaxation in first cycle due to larger creep resistance
Both coatings develop compressive stress during heating (A), which causes an elastic strain. The
estimation of thermal stresses in 30Co and 24Co3Re, as presented in the paragraph befor, shows
that both coatings develop similar stresses.
As 30Co shows strong deformation, it can be expected that the stresses in the coating
relax completely during the dwell period (B) owing to creep deformation. Since 24Co3Re is
more creep resistant, it is assumed that the compressing stresses relax only partially.
Cooling from peak temperature develops tensile stresses in both coatings (C) owing to
the transient thermal gradient and the mismatch in CTE between coating and substrate. Because
of the prior creep relaxation, 30Co develops a larger tensile stress than 24Co3Re. Possible
further deformation during cooling will be neglected in this section. Once thermal equilibrium is
achieved the tensile stress reduces to the value owing to the CTE mismatch.
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Repeated thermal cycling does not change the shape of the stress-time curve and elastic
strain-time curve. However, the thermal cycling causes accumulation of plastic strain in the
coatings. The Re alloyed coating shows less total deformation than the Re free coating. The
accumulation of creep deformation in 30Co causes the rumpled surface and the degraded
microstructure.
Crack Initiation
The number of cycles to crack initiation are proportional to the plastic strain amplitude follwing
a Coffin-Manson relationship (equation 24). Crack initiation in the coatings takes place when
sufficient tensile strain develops during cooling.
Increasing the Co content from 24 to 30 wt.% increases the number of cycles to crack initiation,
although the effect is small and can only be clearly seen when comparing 24Co1.5Re with
30Co1.5Re. Shorter periods of crack inspection during thermal fatigue are necessary in order to
obtain a better picture of the influence of Co.
However, the small difference may be explained by the effect of Co to increase the
creep resistance of the -phase, which would lead to a reduction of the tensile load during
cooling.
Since the creep resistant 24Co3Re exhibits a smaller tensile strain during cooling than the
coating, which relaxes at maximum temperature, it should be expected that the time to crack
initiation is increased when alloying with Re. However, this is not the case in the current
investigation. The Re alloyed coatings show crack initiation within the first five cycles of
thermal fatigue testing. As this coating shows only little deformation it can be considered as
brittle with a low tensile strain to crack.
Figure 171 presents schematically a Coffin-Manson diagram for ductile and little ductile
materials. In the region of low cycle fatigue, which is relevant for the current experiment, ductile
materials show a higher number of cycles to crack initiation than materials, which are tough but
have a low ductility. This qualitative statement can explain the early cracking of the Re alloyed
coatings.
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Figure 171: Coffin-Manson diagram presenting schematically the difference between ductile and
brittle materials [6]
The question remains, why Re causes embrittlement of the coatings. In this study three main
reasons can explain the reduced ductility of the Re alloyed coatings:
24Co3Re exhibits TCP-phase in the coating. These particles can act as crack initiation
sites especially when they are located near the surface. Additionally the TCP-phase tends to
precipitate at the grain boundaries of the coating, which promotes intercrystalline and brittle
cracking. As the crack surfaces are oxidised it cannot be stated if the cracks propagated
intercrystalline or transcrystalline. However, it should be anticipated that the engine feedback
components show intercrystalline cracks in both 30Co and 24Co3Re.
Addition of Re to the - coatings changes the chemistry of the -phase by increasing
the Re and Cr content. Both elements are solid solution hardening elements. This will increase
the strength of the coating but also reduce the strain to fracture.
24Co3Re shows a higher surface roughness than the Re free coating, which can cause
early crack initiation. The increased surface roughness can produce locally a multiaxial stress
state in the surface. Obviously the prior shot peening did not completely remove the roughness
of the Re alloyed coatings. As shot peening is a deformation process of the surface, the low
ductility and high strength of the Re alloyed coating can be responsible for the remaining surface
roughness.
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Crack Propagation
Thermal fatigue testing of the coated turbine blades causes the formation of a crack network in
the airfoil pressure side where the water jet hits the blade. Since the crack network shows a large
extension already after 50 cycles testing, it can be assumed that the cracks exceed the coating-
substrate interface after a short period of time.
When the cracks reach the coating-substrate interface, the surface crack propagation rate
db/dN can be described with equation 28, which can be written in a simple form as shown in
equation 34. The surface crack propagation rate depends on the value of thermal strain in the
coating c, coating thickness x, metal recession rate at the crack tip M.
  MxC
dN
db m
c  (34)
Raising Co from 24 to 30 wt.% causes a slightly increased crack propagation rate and addition of
Re to the coatings causes a significant increase in crack propagation rate.
Possible differences in coating thicknesses of the tested blades cannot be fully excluded.
However, variations in coating thickness are small because of thorough coating thickness
controll in the production process. Furthermore, possible coating thickness variations are
independant of the coating alloy.
24Co3Re develops a comparatively low thermal tensile strain during cooling.
Therefore, the value of the thermal strain can be excluded as a reason for the high crack
propagation rate.
The metal recession rate at the crack tip is proportional to the oxidation rate. Increasing
Co from 24 to 30 wt.% had only little effect on oxidation. The Re alloyed coating exhibits
increased recession in isothermal oxidation, but in thermal fatigue testing no difference in
oxidation is found. Furthermore, the crack propagation rate can be expected to be significantly
higher than the rate of metal recession. Therefore metal recession owing to oxidation can be
excluded as significant factor controlling the crack propagation rate in the present test.
The ductility and fracture toughness of the coating appear to be the important factors, which
control the crack propagation rate in the current coatings. The ductility and fracture toughness is
determined by the microstructure of the coatings. The addition of Re and the enhanced Co
content result in an increased -phase fraction. Additionally, the Re alloyed coatings exhibit
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TCP-phases in the coating.  and TCP-phases are known to reduce the coating ductility and
fracture toughness.
The thermally induced stress in the coatings (750 - 850 MPa) is high and so it is likely
that the coatings also show a high value of K. Figure 172 presents schematically a diagram for
crack propagation. A material with a lower ductility shows a higher crack propagation rate than a
ductile material at high values of logK. Consequently this means that embrittling the coating by
an increased fraction of -phase and TCP-phase raises the crack propagtion rate.
Figure 172: Crack propagation diagram presenting schematically the difference between ductile
and brittle materials. This scheme is similar to the influence of low and high temperatures on
crack initiation [65]
It can be summarized that Re increases the creep resistance of NiCoCrAlY coatings. This fact
alone would improve the thermal fatigue properties as lower tensile loads develop. However, at
the same time Re reduces the ductility of the coating significantly enough to compensate the
positive effect by severe cracking behaviour. Increasing Co from 24 wt.% to 30 wt.% has a small
influence on the behaviour of the coating in thermal fatigue but is still remarkable. In this thesis
the effect of Co and Re could be explained by their influence on the microstructure and phase
chemistry.
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7.5 Engine Test
Operation in a gas turbine exposes the coatings to complex loads. The temperature distribution is
not homogenous and causes stationary thermal gradients in addition to transient thermal
gradients owing to engine starts and stops. In addition to the thermally induced stresses the fast
rotation turbine blade causes a constant creep load. Furthermore it is shown that the presence of
cooling holes can add locally a complex stress situation, which gives rise to crack initiation.
The maximum temperature of the blade exceeds values larger than the DBTT of the
coatings and the minimum temperature may be below the DBTT of the coatings. This means that
the coating behaviour (oxidation, cracking) changes for different locations on the turbine blade.
The Re alloyed coating 24Co3Re exhibits extensive cracking and the cracks propagate from the
cold platform into the hot airfoil. The cracks of the Re free coating 30Co do not propagate into
the airfoil, which shows that 24Co3Re has a lower fracture toughness at the given conditions
than 30Co.
The -phase recession due to oxidation is measured in a hot location of the turbine
blade. Below approximately 1000 °C the coatings exhibit a similar recession. Higher than
1000 °C, 24Co3Re shows little enhanced oxidation depletion compared to 30Co. This finding
can be supported qualitatively with results from isothermal oxidation, where 24Co3Re shows the
highest depletion at 1050 °C.
In figure 173 the -phase recession owing to oxidation in the engine and in isothermal
annealing are compared. Since the exposure times and temperatures are different a Larson-Miller
plot is applied. The experimentally evaluated values are lower than the values obtained from the
blades that run in the gas turbine. Three reasons for this can be given here:
First, the temperatures, which were estimated by -` coarsening are valid for a position
approximately 200 m below the coating-substrate interface. As the turbine blade is internally
cooled a temperature gradient exists over the wall thickness of the component and one can
expect that the temperatures of the coating surface is higher than the given numbers. To assess
the temperature at the hot gas side one needs to know the thermal gradient and thus it is
necessary to estimate temperatures at several locations distributed over the wall thickness.
Second, the coatings that ran in the turbine are exposed to thermal cyclic and
mechanical loads. These loads can enhance the oxidation rate due to increased oxide cracking
and spallation. Additionally the gas conditions in the turbine are different to the gas condition in
the laboratory furnace. The laboratory tests are performed in still air with atmospheric pressure.
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In contrast the gas in the turbine has a higher pressure and the gas velocity at the component
surface is high.
Third, the type of turbine blade used for laboratory tests and engine feedback is different. As a
consequence the production quality of the coatings can be different. Quality factors, which are
relevant for oxidation, are surface roughness, porosity and oxide inclusions. As the porosity and
oxide inclusion content is minimal in all coatings, the surface roughness is another key factors
for the deviation of oxidation depletion.
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Figure 173: Comparison of oxidation depletion layer thickness from laboratory experiments and
engine feedback plotted versus Larson-Miller-parameter
8 Summary
The metal surface temperatures of blades and vanes in industrial gas turbines can today exceed
over 1050 °C. As superalloys have a limited oxidation life, the application of a coating is vital.
The most commonly applied coatings in stationary gas turbines are MCrAlY coatings, where M
represents Fe, Co, Ni or a combination of these elements. These coatings must also show a high
fatigue resistance, because of cyclic thermal stresses in the turbine components.
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From publications, it is known that Co and Re are applied in MCrAlY coatings in order to
improve resistance against thermal fatigue. The fatigue behaviour is determined by the ductility
and strength of the coating.
The increased ductility due to Co is explained with the reduction of the `, -Cr and
TCP-phase fraction. However, in the available literature there is no coherent evaluation, which is
based on the effect of Co on the NiCrAl phase diagram and quantitative microstructural
evaluation of MCrAlY coatings.
The effect of Re to form embrittling TCP-phase stays in contrast to the application to
improve the thermal fatigue resistance. Additionally, it is reported that Re reduces the oxidation
consumption of MCrAlY coatings. In those experiments the Cr and Al contents of the coatings
varied at the same time.
From this point of view, the following questions concerning NiCoCrAlY coatings were
revealed:
1. What is the influence of Co and Re on the microstructure of the coating?
2. How is oxidation and coating consumption affected by Co and Re?
3. What is the influence of Co and Re on thermal fatigue of coatings?
In the current study, those questions are answered by the metallurgical examination of coatings
with two different Co contents (24 wt.% and 30 wt.%) and Re additions up to 3 wt.%. The
influence of Co and Re on the microstructure was evaluated by thermodynamic modelling and
metallography of vacuum plasma sprayed coatings. The coatings were tested for oxidation,
coefficient of thermal expansion and thermal fatigue. Furthermore, the condition after operation
in an industrial gas turbine was investigated. Major results and conclusions relevant to the above
questions are reviewed in the following paragraphs.
It is shown in this study that Co additions to the ternary NiCrAl system expand the + field
towards lower temperatures and smaller Cr concentrations. Re shifts the + field in the
NiCoCrAl system towards lower Cr concentrations. As a consequence the formation of ` is
suppressed in the coatings. An increasing Co content in the NiCoCrAl system reduces -Cr
fraction. This can be explained with the expansion of the + field, which is accompanied with a
shift of the -Cr solvus to lower temperatures and higher Cr concentrations. Re promotes the
formation of TCP-phases and -Cr. This is due to a shift of the -Cr solvus to higher
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temperatures and lower Cr concentrations owing to an expansion of the + and ++ fields in
the NiCoCrAl system.
Isothermal oxidation revealed that Co and Re increase the oxidation rate slightly. Both
cause a larger fraction of Y rich oxide particles, which increase the scale adherence. Co and Re
appear to increase the activity of Y. The physical mechanism behind this effect is not clear. The
oxidation annealing causes Al loss by simultaneous oxidation and interdiffusion, which leads to
-phase recession. The Re addition and an increasing Co content reduce the total coating
consumption.
The behaviour of the coatings during thermal fatigue is significantly influenced by creep
relaxation of the coatings. While the Re free coating shows pronounced creep relaxation, the
coating alloyed with Re exhibits little deformation. Re increases the creep resistance of the
coating. Therefore less plastic strain accumulates and the tensile load at minimum temperature is
reduced. Although Re shows these positive effects on the coating, the number of cycles to crack
initiation is reduced and the crack propagation rate is increased. This effect can be attributed to
the decreased ductility of the coating owing to the increased  and TCP-phase fraction.
The coating behaviour in the gas turbine is qualitatively similar to the behaviour in
laboratory testing. However, coatings that are oxidised in a laboratory furnace show slightly less
oxidation than the coatings, which ran in the gas turbine. This deviation is possibly due to the
method of temperature estimation for the ex-service turbine blade and can also be explained by
the different environmental conditions upon the coatings in the gas turbine. Concerning the
mechanical behaviour, the Re alloyed coating exhibits extensive cracking in the engine tests.
In this thesis, it is demonstrated that the effect of Co and Re on the properties of
NiCoCrAlY coatings can be explained with the combination of thermodynamic modelling and
laboratory testing, supported with engine feedback. The influences of Co and Re on the NiCrAl
phase diagram are results, which are new in respect to the state of art. Oxidation and thermal
fatigue testing in this study is able to complete and even renew the image about the effect of Co
and Re on the behaviour of coatings.
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